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Summary 
 
The focus of the present work is on the micro-alloying element vanadium, which is well known 
for providing precipitation strengthening to steels and which has, therefore, attracted a lot of 
interest the last decades. Vanadium carbide precipitation can take place in the migrating 
austenite/ferrite interface during the austenite-to-ferrite phase transformation, i.e. interphase 
precipitation, and in ferrite. Due to the beneficial contribution of the vanadium carbides to the 
mechanical properties of the steel and the necessity to make optimum use of vanadium, it is 
critical to understand and quantify the vanadium carbide precipitation and its interaction with 
the austenite-to-ferrite phase transformation.  
We study the precipitation kinetics of vanadium carbides and its interaction with the phase 
transformation kinetics in vanadium micro-alloyed steels that differ in vanadium and carbon 
concentrations and that have undergone different isothermal annealing treatments. In Chapter 
1, the introduction to the research topic and the scope of this thesis are described. The novelty 
of our research is the use of advanced neutron scattering techniques i.e. Neutron Diffraction 
and Small-angle Neutron Scattering (SANS), coupled to Atom Probe Tomography (APT) and 
Transmission Electron Microscopy (TEM), to study model vanadium micro-alloyed steels 
during heat-treatments. The combination of neutron diffraction and SANS to study, 
simultaneously and in-situ, the interaction between the phase-transformation and precipitation 
kinetics is unique, as is the furnace that is designed and developed for these in-situ 
measurements. The results provide fundamental insight into the role of vanadium on the phase-
transformation and precipitation kinetics, which is deemed essential for the development of 
micro-alloyed steels with reduced amounts of alloying elements without compromising 
properties.  
In Chapter 2, the vanadium carbide precipitation kinetics and its interaction with the phase 
transformation kinetics is investigated. Two micro-alloyed steels that differ in vanadium and 
carbon concentrations by a factor of two, but have the same vanadium-to-carbon atomic ratio 
of 1:1 are studied. Dilatometry is used for heat-treating the specimens and studying the phase-
transformation kinetics during isothermal annealing at 900 °C, 750 °C and 650 °C for up to 10 
h. Samples annealed for different holding times are used for ex-situ SANS, TEM and APT to 
study the precipitation kinetics. Vanadium carbide precipitation is only observed during or after 
the austenite-to-ferrite phase transformation at 650 °C and not during annealing at 900 °C and 
750 °C. The precipitate volume fraction and mean radius continuously increase as the holding 
time increases, while the precipitate number density starts to decrease after 20 min, which 
corresponds to the time at which the phase transformation has finished. This indicates that 
nucleation and growth are dominant during the first 20 min, while later precipitate growth and 
coarsening take place. TEM indicates the presence of spherical/slightly ellipsoidal precipitates 
in all steels after annealing at 650 °C and APT shows gradual changes in the precipitate 
chemical composition during annealing at 650 °C, which finally reaches a 1:1 atomic ratio of 
vanadium-to-carbon in the core of the precipitates after 10 h. 
Chapter 3 introduces a custom-made furnace designed and built by our group at TU Delft. It is 
able to facilitate in-situ and simultaneous neutron diffraction and SANS measurements during 
heat-treatments of metals. In-situ and simultaneous studies on phase-transformation and 
precipitation kinetics are necessary in order to gain an in-depth understanding of the nucleation 
and growth of precipitates in relation to the evolution of austenite decomposition at high 
temperatures. Precipitation, occurring during solid-state phase transformations in micro-
alloyed steels, is generally studied through TEM, APT and ex-situ SANS measurements. The 
advantage of SANS over the other two characterization techniques is that it allows for the 
quantitative determination of size distribution, volume fraction, and number density of a 
statistically significant number of precipitates within the resulting iron matrix at room 
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temperature. However, individual ex-situ SANS measurements do not provide information 
regarding the correlation between interphase precipitation and phase transformations. The 
presented furnace is, thus, developed for in-situ studies in which SANS measurements can be 
performed simultaneously to neutron diffraction measurements during typical high-
temperature thermal treatments for steels. The furnace is capable of carrying out thermal 
treatments involving fast heating and cooling as well as high operation temperatures (up to 
1200 °C) for a long period of time with accurate temperature control in a protective atmosphere 
and in a magnetic field of up to 1.5 T. The characteristics of this furnace give the possibility of 
developing new research studies for better insight of the relationship between phase-
transformation and precipitation kinetics in steels and also in other types of materials 
containing nano-scale microstructural features. 
In Chapter 4, in-situ SANS is used to determine the time evolution of the chemical composition 
of precipitates at 650 °C and 700 °C in three micro-alloyed steels with different vanadium and 
carbon concentrations. The evolution of the ratio of the nuclear to magnetic SANS component 
is used for this analysis. The samples are heat-treated in the furnace presented in Chapter 3. 
Precipitates with a distribution of sub-stoichiometric carbon-to-metal ratios in all steels are 
detected. The precipitates have a high iron content at the early stages of annealing, which is 
gradually being substituted by vanadium during isothermal holding. Eventually a plateau in the 
composition of the precipitate phase is reached. Faster changes in the precipitate chemical 
composition are observed at the higher temperature in all steels. We found that the addition of 
vanadium and carbon to the steel has an accelerating effect on the evolution of the precipitate 
composition. Addition of vanadium to the nominal composition of the steel increases the 
concentration of vanadium in the precipitates, reduces the iron concentration and leads to a 
smaller carbon-to-metal ratio. APT measurements prove the presence of precipitates with a 
distribution of carbon-to-metal ratios, ranging from 0.75 to 1, after 10 h of annealing at 650 °C 
or 700 °C in all studied steels. 
In Chapter 5, in-situ neutron diffraction and SANS are employed for the first time 
simultaneously in order to reveal the interaction between the austenite-to-ferrite phase-
transformation and the precipitation kinetics in-situ in vanadium micro-alloyed steels. The 
neutron scattering measurements are performed in three steels with different vanadium and 
carbon concentrations during isothermal annealing treatments at 650 °C and 700 °C for 10 h. 
The furnace introduced in Chapter 3 is used for the heat treatments. The austenite-to-ferrite 
phase-transformation and precipitation kinetics are quantified and the interaction between these 
two phenomena is explained. We show that the phase transformation is completed during the 
10 h annealing treatment in all cases and that it is faster at 650 °C than at 700 °C for all alloys. 
Our analysis shows that additions of vanadium and carbon to the steel composition cause a 
retardation of the phase transformation and the effect of each element is explained through its 
contribution to the Gibbs free energy dissipation. The phase transformation is found to initiate 
the vanadium carbide precipitation. The presence of ellipsoidal precipitates is confirmed by 
TEM, contributing to the SANS data analysis. Larger and fewer precipitates are detected at the 
higher temperature in all three steels, and a larger number density of precipitates is detected in 
the steel with higher concentrations of vanadium and carbon. The effect of the precipitation 
kinetics to the phase-transformation kinetics is also discussed. An important outcome is that 
the external magnetic field applied during the experiments, necessary for the SANS 
measurements, causes a delay in the onset and time evolution of the phase transformation and 
consequently on the precipitation kinetics. 
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Sammenvatting 
 
De focus van het huidige werk ligt op het micro-legeringselement vanadium, dat bekend staat 
om zijn precipitatieversterking van staal en dat daarom de laatste decennia veel belangstelling 
heeft gewekt. Vanadiumcarbideprecipitatie kan plaatsvinden in het migrerende 
austeniet/ferriet-grensvlak tijdens de fasetransformatie van austeniet naar ferriet, dat wil 
zeggen grensvlakprecipitatie, en in ferriet. Vanwege de gunstige bijdrage van vanadiumcarbide 
aan de mechanische eigenschappen van het staal en de noodzaak om optimaal gebruik te maken 
van vanadium, is het van cruciaal belang om de precipitatie van vanadiumcarbide en de 
interactie ervan met de fasetransformatie te begrijpen en te kwantificeren. 
We bestuderen de precipitatiekinetiek van vanadiumcarbide en de interactie ervan met de 
austeniet-naar-ferriet fasetransformatie in vanadium micro-gelegeerde staalsoorten die 
verschillen in vanadium- en koolstofconcentraties en die verschillende isotherme 
gloeibehandelingen hebben ondergaan. In Hoofdstuk 1 worden de inleiding tot het 
onderzoeksonderwerp en de reikwijdte van dit proefschrift beschreven. Een van de 
vernieuwende aspecten van ons onderzoek is het gebruik van geavanceerde 
neutronenverstrooiingstechnieken, d.w.z. neutronendiffractie en kleine-hoek-
neutronenverstrooiing (SANS), gekoppeld aan Atom Probe Tomography (APT) en 
transmissie-elektronenmicroscopie (TEM), om modellegeringen van vanadium micro-
gelegeerd staal te bestuderen tijdens warmtebehandelingen. De combinatie van 
neutronendiffractie en SANS om gelijktijdig en in-situ de interactie tussen de fasetransformatie 
en precipitatiekinetiek te bestuderen is uniek, net als de oven die ontworpen en ontwikkeld is 
voor deze in-situ metingen. De resultaten geven fundamenteel inzicht in de rol van vanadium 
in de fasetransformatie en precipitatiekinetiek, hetgeen essentieel wordt geacht voor de 
ontwikkeling van micro-gelegeerde staalsoorten met verminderde hoeveelheden 
legeringselementen zonder afbreuk te doen aan de eigenschappen. 
In Hoofdstuk 2 wordt de precipitatiekinetiek van vanadiumcarbide en de interactie met de 
fasetransformatie onderzocht. Er worden twee micro-gelegeerde staalsoorten bestudeerd die 
een factor twee verschillen in vanadium- en koolstofconcentraties, maar dezelfde atomaire 
verhouding vanadium tot koolstof van 1:1 hebben. Dilatometrie wordt gebruikt voor de 
warmtebehandelingen van de proefstukken en voor het bestuderen van de 
fasetransformatiekinetiek tijdens gloeien bij 900 °C, 750 °C en 650 °C gedurende maximaal 
10 uur.  Voor het bestuderen van de precipitatiekinetiek worden ex-situ SANS-, TEM- en APT-
metingen worden uitgevoerd . Vanadiumcarbideprecipitatie wordt alleen waargenomen tijdens 
of na de fasetransformatie van austeniet naar ferriet bij 650 °C en niet tijdens gloeien bij 900 
°C en 750 °C. De volumefractie en de gemiddelde straal van de precipitaten nemen continu toe 
naarmate de gloeitijd toeneemt, terwijl het aantal precipitaten per volume eenheid  na 20 
minuten begint af te nemen, hetgeen overeenkomt met het tijdstip waarop de fasetransformatie 
is voltooid. Dit geeft aan dat kiemvorming/nucleatie en groei dominant zijn tijdens de eerste 
20 minuten, terwijl later groei en vergroving van de precipitaten plaatsvindt. TEM toont de 
aanwezigheid aan van bolvormige of licht ellipsvormige precipitaten in alle bestudeerde 
staalsoorten na gloeien bij 650 °C. APT toont geleidelijke veranderingen in de chemische 
samenstelling aan van het precipitaat tijdens gloeien bij 650 °C. De kern van de precipitaten 
bereikt  uiteindelijk een samenstelling met een atomaire verhouding van vanadium-tot-koolstof 
van 1:1 na 10 uur gloeien op 650 °C. 
in hoofdstuk 3 wordt een oven geïntroduceerd, die speciaal voor dit onderzoek is ontworpen 
en gebouwd door onze groep aan de TU Delft waarmee in-situ en gelijktijdige 
neutronendiffractie en SANS-metingen tijdens warmtebehandelingen van metalen uitgevoerd 
kunnen worden. In-situ en simultaan onderzoek naar fasetransformatie- en precipitatiekinetiek 
is nodig om een fundamenteel inzicht te krijgen in de nucleatie en groei van precipitaten in 
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relatie tot de fasetransformatiekinetiek van austeniet naar ferriet bij hoge temperaturen. De 
vorming van precipitaten, die optreedt tijdens vaste-stof-fasetransformaties  in micro-
gelegeerde staalsoorten, wordt over het algemeen bestudeerd door middel van TEM-, APT- en 
ex-situ SANS-metingen. Het voordeel van SANS ten opzichte van de andere twee 
karakteriseringstechnieken is dat het de kwantitatieve bepaling mogelijk maakt van de 
grootteverdeling, volumefractie en kiemdichtheid van een statistisch significant aantal 
precipitaten in de ijzer matrix. Individuele ex-situ SANS-metingen geven echter geen 
informatie over de correlatie tussen de kinetiek van grensvlakprecipitatie en de kinetiek van de 
fasetransformatie. De oven die wij hebben ontwikkeld is geschikt voor in-situ studies waarin 
SANS-metingen gelijktijdig kunnen worden uitgevoerd met neutronendiffractiemetingen 
tijdens typische thermische behandelingen van staal bij hoge temperaturen. De oven is in staat 
om thermische behandelingen uit te voeren met snelle opwarming en koeling, bij hoge 
bedrijfstemperaturen (tot 1200 °C) gedurende een lange periode met een nauwkeurige 
temperatuurregeling in een beschermende atmosfeer en in een magnetisch veld tot 1,5 T. Dit 
maakt deze oven geschikt voor onderzoek dat erop is gericht om een beter inzicht te krijgen in 
de relatie tussen fasetransformatie- en precipitatiekinetiek in staal. De oven kan ook gebruikt 
worden om structuren op de schaal van nanometers in andere materialen te bestuderen.   
In hoofdstuk 4 wordt beschreven hoe de chemische samenstelling van de precipitaten, zoals 
gemeten met in-situ SANS, verandert met de tijd tijdens het gloeien op 650 °C en 700 °C van 
drie micro-gelegeerde staalsoorten met verschillende vanadium- en koolstofconcentraties. De 
verhouding tussen het aantal ijzer en vanadium atomen  en de verhouding tussen het aantal 
koolstof en metaal atomen in de precipitaten wordt afgeleid uit de verhouding tussen de 
nucleaire en magnetische SANS-componenten. De warmtebehandeling van de stalen wordt 
uitgevoerd met de oven die wordt beschreven in hoofdstuk 3. De precipitaten blijken een sub-
stoichiometrische verhouding van koolstof-tot-metaalatomen te hebben in alle onderzochte 
staalsoorten. De precipitaten hebben een hoog ijzergehalte in de eerste stadia van gloeien, maar 
geleidelijk worden de ijzer atomen vervangen door vanadium atomen. Na lang gloeien 
verandert de samenstelling van de precipitaten niet meer. Snellere veranderingen in de 
chemische samenstelling van de precipitaten worden waargenomen bij de hogere temperatuur 
in alle onderzochte staalsoorten. Verder nemen we waar dat de toevoeging van vanadium en 
koolstof aan het staal eveneens een versnellend effect heeft op de ontwikkeling van de 
precipitaatsamenstelling. Toevoeging van vanadium aan de nominale samenstelling van het 
staal verhoogt de concentratie vanadium in de precipitaten, verlaagt de ijzerconcentratie en 
leidt tot een kleinere koolstof/metaalverhouding. Uit APT-metingen blijkt dat de koolstof-tot-
metaalverhouding in de precipitaten variëert van 0,75 tot 1, na 10 uur gloeien bij 650 °C of 700 
°C in alle onderzochte staalsoorten. 
In hoofdstuk 5 worden in-situ neutronendiffractie en SANS voor het eerst gelijktijdig gebruikt 
om de interactie tussen de fasetransformatiekinetiek van austeniet naar ferriet en de 
precipitatiekinetiek in-situ in vanadium micro-gelegeerd staal te bestuderen. De 
neutronenverstrooiingsmetingen worden uitgevoerd in drie staalsoorten met verschillende 
vanadium- en koolstofconcentraties tijdens isotherme gloeibehandelingen bij 650 ° C en 700 ° 
C gedurende 10 uur. Voor de warmtebehandelingen wordt de in hoofdstuk 3 geïntroduceerde 
oven gebruikt. De fase-transformatie- en precipitatiekinetiek worden gekwantificeerd in alle 
staalsoorten bij beide temperaturen en de interactie tussen deze twee fenomenen wordt 
uitgelegd. We laten zien dat de fasetransformatie in alle gevallen voltooid is tijdens de 10 uur 
durende gloeibehandeling en dat de transformatie sneller is bij 650 ° C dan bij 700 ° C voor 
alle onderzochte legeringen. Onze analyse toont aan dat toevoegingen van vanadium en 
koolstof aan de staalsamenstelling een vertraging van de fasetransformatie veroorzaken en het 
effect van elk element wordt verklaard door zijn bijdrage aan de Gibbs vrije-energiedissipatie. 
De fasetransformatie blijkt de vanadiumcarbide-precipitatie te initiëren. De aanwezigheid van 
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precipitaten met de vorm van een ellipsoïde wordt bevestigd door TEM. Deze informatie 
gebruiken we voor de analyse van de SANS-metingen. Bij alle drie de staalsoorten worden 
grotere maar minder precipitaten gedetecteerd bij de hogere temperatuur. Een grotere dichtheid 
in het aantal precipitaten wordt gedetecteerd in het staal met hogere concentraties vanadium en 
koolstof. Het effect van de precipitatiekinetiek op de fasetransformatiekinetiek wordt ook 
besproken. Een interessante uitkomst is dat het externe magnetische veld dat tijdens de 
experimenten wordt aangelegd en dat nodig is voor de SANS-metingen, een vertraging 
veroorzaakt van de fasetransformatie van austeniet naar ferriet en bijgevolg van de 
precipitatiekinetiek. 
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Chapter 1 - Introduction 
 
1.1. Introduction 
 
Nowadays, the key drivers for reducing the weight of vehicles are resource efficiency, 
improvement of fuel economy and reduction of CO2 emissions of cars with an internal 
combustion engine. These can be achieved simultaneously by making efficient use of steel. 
Partial global switching to higher strength steel could save 105 million tons of steel per year 
and 20% of the costs of the global use of steel [1]. Vehicle weight reduction includes weight 
reduction in the chassis and suspension system as well, implying that the steel developed for 
these applications should offer advanced properties. In particular, high strength, ductility and 
stretch flange-ability are required for chassis and suspension parts that are made of steel.  
In order to meet the high demands for the steels used in automotive applications, the steel 
industry has developed Advanced High Strength Steels (AHSS). However, the conventional 
AHSS cannot provide the enhanced combination of properties required for the chassis and 
suspension system, i.e. the high strength combined with ductility and stretch flange-ability, as 
AHSS consist of  a multiphase microstructure, which is sensitive to the formation of voids and 
cracks during e.g. stretch-flanging. The mechanism behind the formation of voids and cracks 
is the stress localization at the interfaces between the hard phases, e.g. martensite, and the soft 
ductile ferrite. 
A new generation of AHSS, referred to as NANOHITEN or nano-steels, were recently 
developed and are promising candidates to meet the above unique combination of properties 
(Fig. 1.1a). Nano-steels are micro-alloyed steels whose microstructure consists of a ferritic 
matrix that provides ductility, and of nanometer-sized precipitates that provide strength. The 
microstructures of the nano-steel and the conventional multiphase AHSS are schematically 
illustrated in Figs. 1.1b and c [2].  
 
a) 

 

b) Nano-steel            c) AHSS 
 

 

Fig. 1.1. a) Hole expansion ratio as a function of total elongation in steels with difference 
microstructures. Microstructure of b) nano-steel and c) conventional AHSS. The Figures are 
reproduced from Ref. [2]. 

 
Since they offer advantageous characteristics, nano-steels are being used in chassis and 
suspension parts. However, the downside of nano-steels is that they include a considerable 
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amount of micro-alloying elements, i.e. typically summing up to 0.1 wt.%, but in some cases 
up to 0.4 wt.%, such as niobium, titanium, and/or vanadium and possibly in combination with 
molybdenum. These elements are necessary for the formation of the nano-scale precipitates 
[3]-[6]. Along with the consumption of large amounts of these elements when considering the 
worldwide steel production, their high cost makes the efficient use of these elements of high 
importance. Moreover, niobium has a high supply risk for the EU thus it is considered as a very 
critical raw material [7]. Vanadium and titanium are also considered to be critical raw materials 
by the EU, albeit less critical than niobium. Consequently, developing resource-efficient nano-
steels, which contain smaller amounts of micro-alloying elements and fewer critical raw 
materials while maintaining their good mechanical properties, is of great interest for the 
automotive community.  
The focus of the present work is on vanadium, well-known for providing strong precipitation 
strengthening to steels [8],[9]. Vanadium carbide (VC) precipitation takes place in the 
migrating austenite/ferrite interface during the austenite-to-ferrite phase transformation as well 
as in ferrite, since both phenomena occur within the same range of temperatures during thermal 
processing of nano-steels. The first type of precipitation is called interphase precipitation. The 
solubility of vanadium in austenite is high, higher than that of titanium and niobium, and 
therefore vanadium carbides do not tend to form in austenite. However, due to the solubility 
drop of vanadium when austenite transforms to ferrite, interphase precipitation as well as 
precipitation in ferrite are favored [10]. This leads to a high precipitate nucleation rate and a 
fine precipitate distribution, which is essential for the strengthening of the steel [10].  
Due to the beneficial contribution of the vanadium carbides to the overall mechanical properties 
of steel and the necessity to make optimum use of vanadium, more research is required to 
understand the vanadium carbide precipitation and its interaction with the austenite-to-ferrite 
phase transformation. However, disentangling the kinetics between these two phenomena has 
been proven challenging, highlighting the necessity of performing in-situ and simultaneous 
measurements.  
The novelty of this thesis lies in the combination of model alloys, heat-treatments, advanced 
neutron scattering characterization techniques, i.e. Neutron Diffraction and Small-angle 
Neutron Scattering (SANS), Atom Probe Tomography (APT) and Transmission Electron 
Microscopy (TEM). Coupling neutron diffraction and SANS, aiming to monitor the interaction 
between the phase-transformation and precipitation kinetics in-situ and simultaneously, is 
unique. The furnace developed by our group in order to facilitate these in-situ measurements, 
together with the advanced neutron characterization techniques, can open new horizons in 
acquiring valuable quantitative data during the processing of steels with different compositions 
and under different heat-treatments.  
 
1.2. Scope and outline of the thesis 
 
The aim of this thesis is to provide insight into the kinetics of vanadium carbides in steels and 
its interaction with the austenite-to-ferrite phase-transformation kinetics. The quantitative 
results can contribute to modelling and eventually predicting the precipitation and phase-
transformation kinetics in steels, which can lead to the optimization of steel designs for 
automotive applications with reduced energy consumption.  
In Chapter 2, dilatometry is used for heat-treating the steel specimens and for studying the 
phase transformation kinetics during isothermal annealing treatments. Ex-situ SANS, TEM and 
APT measurements are performed in the heat-treated samples to study the precipitation 
kinetics. The precipitate nucleation, growth and coarsening kinetics are, in this way, 
quantitatively related to the phase-transformation kinetics. 
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In Chapter 3, a custom-made furnace developed by our group at TU Delft is presented. The 
furnace facilitates in-situ and simultaneous neutron diffraction and SANS measurements 
during heat-treatments of metals. It is capable of carrying out heat treatments involving fast 
heating and cooling as well as high operating temperatures for several hours with accurate 
temperature control in a protective atmosphere and under a magnetic field of up to 1.5 T. The 
furnace can be easily installed at the Larmor Instrument at ISIS Neutron and Muon Source, 
where the whole experimental setup gives the opportunity to develop new research studies in 
metals that contain nano-scale structural features, aiming to provide a better understanding of 
the relationship between phase transformation and precipitation kinetics. 
In Chapter 4, we perform in-situ SANS in order to follow the time evolution of the chemical 
composition of the precipitates in different vanadium micro-alloyed steels during isothermal 
annealing treatments. The evolution of the ratio of the nuclear to magnetic SANS component 
is monitored and used for this analysis. The sub-stoichiometric precipitate composition and the 
concentration of iron in the precipitates are quantified, and the effects of the steel composition, 
annealing temperature and time on the precipitate composition are explained. APT is also used 
to study the precipitate composition, supporting the SANS data analysis.  
In Chapter 5, in-situ neutron diffraction and SANS are performed simultaneously and the 
interaction between the austenite-to-ferrite phase transformation and the precipitation kinetics 
is revealed. The phase transformation is found to initiate the vanadium carbide precipitation. 
We find that additions of vanadium and carbon to the steel cause a retardation of the phase 
transformation. The effect of each element is explained through its contribution to the Gibbs 
free energy dissipation. We finally show that the external magnetic field applied during the 
experiments, affects the onset and time evolution of the phase transformation and consequently 
the precipitation kinetics. 
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Chapter 2 - Interaction of precipitation with austenite-to-ferrite phase transformation in 
vanadium micro-alloyed steels – An ex-situ neutron scattering study 
 
 
 

 
 

 
 
 
Abstract 
 
The precipitation kinetics of vanadium carbides and its interaction with the austenite-to-ferrite 
phase transformation is studied in two micro-alloyed steels that differ in vanadium and carbon 
concentrations by a factor of two, but have the same vanadium-to-carbon atomic ratio of 1:1. 
Dilatometry is used for heat-treating the specimens and studying the phase transformation 
kinetics during annealing at isothermal holding temperatures of 900 °C, 750 °C and 650 °C for 
up to 10 h. Small-Angle Neutron Scattering (SANS) and Atom Probe Tomography (APT) 
measurements are performed to study the vanadium carbide precipitation kinetics. Vanadium 
carbide precipitation is not observed after annealing for 10 h at 900 °C and 750 °C, which is 
contrary to predictions from thermodynamic equilibrium calculations. Vanadium carbide 
precipitation is only observed during or after the austenite-to-ferrite phase transformation at 
650 °C. The precipitate volume fraction and mean radius continuously increase as holding time 
increases, while the precipitate number density starts to decrease after 20 min, which 
corresponds to the time at which the austenite-to-ferrite phase transformation is finished. This 
indicates that nucleation and growth are dominant during the first 20 min, while later precipitate 
growth with soft impingement (overlapping diffusion fields) and coarsening take place. APT 
shows gradual changes in the precipitate chemical composition during annealing at 650 °C, 
which finally reaches a 1:1 atomic ratio of vanadium-to-carbon in the core of the precipitates 
after 10 h. 
 
 
 
 
 
Reproduced from: “C. Ioannidou, Z. Arechabaleta, A. Navarro-López, A. Rijkenberg, R. M. 
Dalgliesh, S. Kölling, V. Bliznuk, C. Pappas, J. Sietsma, A. A. van Well, S. E. Offerman, 
“Interaction of precipitation with austenite-to-ferrite phase transformation in vanadium 
micro-alloyed steels’, Acta Materialia 181 (2019) 10–24.” 
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2.1. Introduction 
 
The improvement of fuel economy, the reduction of CO2 emissions and the fulfilment of 
European Union initiatives [1] and legislations [2] are key drivers for the automotive industry 
nowadays to reduce the vehicle weight. This includes weight reduction in the chassis and 
suspension system, which requires that steel offers high strength, ductility and stretch flange-
ability for the manufacturing of intricate and complex light-weight components. Micro-alloyed 
steels containing nano-sized precipitates in a ferrite matrix are promising candidates to meet 
these requirements simultaneously [3]-[6] and are already used in chassis and suspension parts 
[3],[4],[7]-[9]. However, these alloys contain a considerable amount of micro-alloying 
additions [6]. Based on the above demands, resource-efficient steels, which contain smaller 
amounts of micro-alloying elements and critical raw materials [10] while maintaining their 
good mechanical properties, are of great interest.  
Titanium (Ti), niobium (Nb), molybdenum (Mo) and vanadium (V) are widely used as micro-
alloying elements to improve the performance of steel through their effect on the microstructure 
and consequently on the mechanical properties [3]-[6],[11]-[22]. These elements may cause 
grain size refinement, recrystallization retardation and precipitate formation. The focus of the 
present work is on vanadium, which is well-known for providing precipitation strengthening 
to steels and which has, therefore, attracted a lot of interest in the last decades [4],[6],[13],[15]-
[20],[23],[24]. Vanadium carbide (VC) precipitation can take place in the migrating 
austenite/ferrite interface during the austenite-to-ferrite phase transformation, i.e. interphase 
precipitation, and in ferrite. The solubility of vanadium in austenite is high, higher than the 
solubility of Ti and Nb, and therefore vanadium carbides do not tend to form in austenite. 
However, due to the solubility drop of vanadium when austenite transforms to ferrite, 
interphase precipitation as well as precipitation in ferrite are favored [15]. This reduces the rate 
of precipitate coarsening and leads to a fine precipitate distribution, which is critical for the 
hardening of the steel [15]. Due to the beneficial contribution of the vanadium carbides to the 
overall mechanical properties of steel and the necessity to make optimum use of vanadium, 
more research is required to understand the vanadium carbide precipitation and its interaction 
with the austenite-to-ferrite phase transformation. 
Extensive research has been carried out on vanadium carbides and it is found that the 
precipitates’ characteristics and kinetics are strongly dependent on the steel composition and 
treatment conditions. The transformation temperature and time are critical factors for the 
precipitation, determining the type of precipitation (interphase or random) and the precipitate 
size, shape, composition, number density and volume fraction [15]-[29]. The vanadium carbide 
crystal structure is observed to be of the NaCl-type of stoichiometric VC [16],[24], VC0.9 [20], 
V4C3 [13],[27], or V6C5 [28], in a range of transformation temperatures from 600 to 700 °C. 
The precipitates have a Baker Nutting orientation relationship with the BCC ferrite matrix 
[16],[30], while their nucleation is favorable at non-Kurdjumov-Sachs ferrite/austenite 
interfaces [31],[32]. Their shape can be spherical [13],[17]-[19],[23],[24], disk-like 
[13],[20],[24], ellipsoidal [19],[20], rod-like [13], needle-like or cuboid [27], depending on the 
conditions described above. Furthermore, different levels of alloying elements (like Mo, Ti, 
Nb and N) are found to affect the vanadium carbide precipitates composition [13],[15],[16], 
shape [13],[27] and preferable growth direction [13],[15],[16],[27]. For instance, in Ref. [13], 
in low-carbon steels containing vanadium and molybdenum, the latter is present in the 
precipitates, forming disk-shaped (V,Mo)C growing along the (001) ferrite plane, and rod-
shaped (V,Mo)4C3 growing along the (011) ferrite plane. 
Transmission Electron Microscopy (TEM) and Atom Probe Tomography (APT) are mainly 
used for the precipitates characterization [12]-[14],[17]-[21],[23]-[28],[31]-[34]. Detailed 
research on vanadium carbide precipitation in low-carbon steels has been done by Kamikawa 
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et al. [19] and Zhang et al. [26],[29], who have extensively measured the precipitate size 
distribution and number density and their effect on the mechanical properties of the steel as a 
function of temperature and for various steel compositions. However, scarce literature on the 
kinetics of the precipitation is reported. Moreover, APT and TEM are limited in providing 
accurate statistical information on precipitate size distribution, number density and volume 
fraction, as the measured sample volume is usually relatively small (in the order of 106 nm3). 
Small-Angle Neutron Scattering (SANS) delivers statistical information regarding the average 
size, volume fraction, number density and size distribution of precipitates over larger specimen 
volumes [35] (e.g. 10x10x1 mm3). Previous SANS studies have been performed on Ti-Mo 
micro-alloyed steel [14], NbC precipitates in austenite [22] and in ferrite [36], Fe-Cu alloys 
[37], Fe-Au alloys [38], maraging steels [39] and low-carbon steels [40]. SANS measurements 
on low-carbon V-micro-alloyed steels have only recently been reported [20],[23],[24]. The 
precipitation kinetics of disk-shaped and oblate vanadium carbides at 700 °C in a low-carbon 
steel [20], and of spherical and disk-shaped vanadium carbides in a temperature range from 
600 to 700 °C in a medium-carbon steel, has been characterized by SANS at room temperature 
[24]. 
The present study aims to provide quantitative information on the vanadium carbide 
precipitation kinetics in low-carbon steels differing in vanadium and carbon content and heat 
treated at different temperatures (900, 750 and 650 °C) than previously reported in the 
literature. Emphasis is given on the kinetics of precipitation for up to 10 hours of annealing, on 
the interaction of the precipitation kinetics with the austenite-to-ferrite phase transformation 
kinetics and on the time evolution of the precipitate chemical composition during annealing. 
Small-Angle Neutron Scattering is combined with dilatometry, Atom Probe Tomography and 
Transmission Electron Microscopy for a comprehensive study of the precipitation and phase 
transformation kinetics. 
 
2.2. Experimental 
 
Two Fe-C-Mn-V steels produced by Tata Steel as 3 mm thick hot-rolled plates are studied. The 
chemical composition of the alloys is listed in Table 2.1. The two steels have different carbon 
and vanadium contents, therefore, they are referred to as LCLV (low carbon - low vanadium 
alloy) and HCHV (high carbon - high vanadium alloy) in this study, whereas the content of 
other alloying elements is kept as low as possible. The HCHV steel contains twice the fraction 
of vanadium and carbon with respect to the LCLV steel and the atomic ratio of V:C is 1:1 in 
both steels. 
 
 
Table 2.1. Chemical composition of the steel samples in weight percent (wt%) and atomic 
percent (at%) with balance Fe. 
Steel  C Mn V Si P Cr Al 
LCLV wt % 0.07 1.84 0.29 .010 .0010 .010 .004 

at % 0.33 1.86 0.32 .026 .0018 .011 .008 
HCHV wt % 0.14 1.83 0.57 .013 .0010 .007 .008 

at % 0.62 1.85 0.62 .026 .0018 .007 .002 
 
 
Rectangular dilatometry specimens with dimensions 14 x 10 x 1 mm3 are machined from the 
center of the as-received plates. These specimens are heat treated in a DIL-805 A/D dilatometer 
in which inductive heating under a low pressure of 10-4 mbar is used, while cooling is achieved 
by a flow of helium gas. An S-type thermocouple is spot-welded in the center of the specimen 
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surface in order to control and monitor the temperature during the thermal cycle. The change 
in length of the specimen is recorded as a function of temperature and the obtained dilatometry 
data are used to study the phase transformation kinetics in each treatment. Micro-segregation 
of alloying elements like manganese and vanadium is considered not significant based on 
Electron Probe Micro-Analysis (EPMA), therefore no prior homogenization treatment of the 
steels is performed. 
The heat treatments performed in the dilatometer are schematically shown in Fig. 2.1. The 
specimens are heated to a high temperature (1050 °C for the LCLV and 1100 ºC for the HCHV 
steel) in the austenitic region for 15 minutes. These temperatures are chosen to be 50 °C above 
the precipitates’ dissolution temperature in each steel as predicted by the ThermoCalc software 
[41]. The precipitates’ dissolution temperatures are 994 °C and 1050 °C for the LCLV and 
HCHV steels, respectively (see Fig. 2.2). One specimen of each alloy is quenched to room 
temperature after soaking. These specimens are used to measure the prior austenite grain size 
(PAGS) in the ImageJ software [42], in optical micrographs taken in a KEYENCE VHX-5000 
Digital Optical Microscope. The specimens have been prepared by following the standard 
metallographic preparation procedure, which includes grinding, polishing to 1 μm and etching 
with picric acid. The other specimens are cooled at a rate of 15 °C/s from the soaking 
temperature to a lower temperature (900, 750 or 650 ºC), where an isothermal annealing is 
applied for different holding times (10 s, 30 s, 1 min, 2 min, 5 min, 7 min, 10 min, 20 min, 45 
min, 2 h and 10 h). The isothermal holding temperatures have been chosen based on the 
ThermoCalc predictions presented in Fig. 2.2, aiming to study the precipitation kinetics in 
austenite, during the austenite-to-ferrite phase transformation and in ferrite. Analysis of the 
dilatometry data indicates that the phase transformation takes place only during the isothermal 
holdings and not during cooling from the soaking temperature to the isothermal holding 
temperature. The thermal cycle is completed by a rapid quench to room temperature.  
 

 
Fig. 2.1. Schematic representation of the thermal cycles applied in the dilatometer. 

 
 
The microstructural evolution of the LCLV and HCHV steels during annealing at the three 
isothermal holding temperatures is revealed by means of Scanning-Electron Microscopy 
(SEM). The SEM measurements are performed at room temperature using a JEOL JSM 6500F 
microscope on the specimens previously treated in the dilatometer. The specimens are prepared 
for SEM following the metallographic preparation procedure described above and finally 
etched with 2% Nital. 
Rectangular specimens with dimensions 10 x 10 x 1 mm3 are machined from the dilatometry 
treated specimens and measured at room temperature by SANS. The aim is to study the 
precipitation kinetics of the LCLV and HCHV steels at the three isothermal temperatures 
mentioned above. The SANS measurements are performed on the Larmor Instrument at the 
ISIS Neutron and Muon Source (STFC Rutherford Appleton Laboratory). A 5 x 5 mm2 neutron 
beam and a wavelength range of 0.42 - 1.33 nm are used. Wavelengths smaller than 0.42 nm 
are not considered to avoid effects from multiple Bragg scattering. A 3473-70 GMW 



18 
 

electromagnet is used to generate a transversal magnetic field of 1.65 T, perpendicular to the 
neutron beam. This strong magnetic field is necessary to magnetically saturate the specimens, 
avoid any contribution to the scattering signal from magnetic domains, and separate the nuclear 
and magnetic scattering contribution from the SANS pattern. The SANS detector is a 600 x 
600 mm2 3He tube array with an 8 x 8 mm2 pixel size at a distance of 4.3 meters from the 
sample. Each specimen is exposed to the neutron beam for 35 minutes. The SANS data analysis 
is performed using the Mantid software [43]. 
The type of precipitation (interphase/random) as well as the precipitate shape and size are 
identified by TEM. The TEM analysis is performed on the LCLV and HCHV samples that are 
isothermally annealed at the temperature of 650 °C. A JEOL JEM-2200FS Transmission 
Electron Microscope with an accelerating voltage of 200 kV and a resolution of 1.3 Å is used. 
Thin foils are prepared by grinding the specimens to 100 μm and disks of a diameter of 3 mm 
are punched out from these thin foils. The extracted disks are electro-polished in a twin-jet 
Struers Tenupol-3, electro-polishing setup at 19 V and a pump flow rate of 12 l/min at 20 oC. 
The electrolyte solution consisted of 5% perchloric acid (HClO4) and 95% acetic acid 
(CH3COOH). The imaging is carried out in the scanning mode (STEM) of the instrument 
during the measurements. 
Atom Probe Tomography is used for the dilatometry heat-treated samples of LCLV and HCHV 
steels annealed at 650 °C to study the evolution of chemical composition, shape and 
morphology of precipitates during annealing. The specimens annealed for 5 min, 45 min and 
10 h at 650 °C for both compositions are analyzed by APT to capture the precipitates’ growth 
and coarsening kinetics. More than 5 tips are extracted from each specimen to optimize the 
statistics of the APT cluster analysis. 
The specimens are prepared by the lift-out method using Focused Ion Beam milling (FIB) [44]. 
A last sputtering with 5 kV and 44 pA is applied to reduce the effect that the Gallium beam 
causes on the tips. After the FIB procedure, the tips are coated using an electron-beam induced 
Cobalt deposition [45] in order to limit Carbon diffusion along the shank [46]. The APT 
specimens are measured in a LEAP 4000X-HR system from CAMECA Instruments. Laser-
assisted excitation is used with a pulse energy of 35 - 50 pJ, a pulse rate of 65-125 kHz, and a 
specimen base temperature of ~20 K.  
The IVAS 3.8.0 software package from CAMECA Instruments is used for the APT data 
reconstruction and analysis. The entire analysis is based on isotope distribution (Mass-to-
Charge-State Ratio - Da) [47]. The vanadium peaks are detected in 17, 25 and 25.5 Da in the 
Mass-to-Charge-State Ratio Spectrum, while carbon peaks are detected at 6, 6.5, 12 and 13 Da. 
Frequency distribution analysis for the elements proves that vanadium and carbon are clustered. 
 
 
2.3. Results and Discussion 
 
2.3.1. Phase transformation kinetics 
2.3.1.1. Phase transformation kinetics at 900 and 750 °C 
 
The PAGS is measured in the specimens directly quenched from the austenitization 
temperature to room temperature and the average values are 63 ± 3 μm for the LCLV and 62 ± 
2 μm for the HCHV steel. Consequently, differences in the microstructural evolution of the 
two steels during annealing cannot be attributed to PAGS effects. 
Analysis of the dilatometry data reveals no phase transformation in the LCLV and HCHV steels 
during annealing at 900 °C. This temperature is above the theoretical A3 equilibrium 
temperatures, predicted by ThermoCalc [41] to be 830 °C and 834 °C in the LCLV and HCHV 
steels, respectively (Fig. 2.2). At 750 °C, only a very small fraction of ferrite is formed in the 
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LCLV steel after 10 h of annealing, while almost no transformation is taking place in the 
HCHV steel. Fig. 2.3a and b show the SEM micrographs of the LCLV and HCHV specimens 
annealed at 750 °C for 10 h, respectively. As seen in Fig. 2.3a, a small fraction of 
allotriomorphic ferrite is formed in the LCLV steel after 10 h, while the microstructure is 
almost fully martensitic for the same conditions in HCHV steel in Fig. 2.3b, confirming the 
dilatometry data interpretation. 
 
 

 

 
 
 
 
 
Fig. 2.2. Precipitate volume fraction 
versus temperature and the A1 and A3 
transition temperatures for the LCLV 
and HCHV steels as predicted by 
ThermoCalc [41]. 

 
 
 

 
Fig. 2.3. SEM micrographs of the a) LCLV and b) HCHV samples isothermally annealed 
at 750 °C for 10 h. The existent ferritic (F) and martensitic (M) areas are indicated. 
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2.3.1.2. Phase transformation kinetics at 650 °C 
 
At 650 °C, austenite transforms into ferrite in both steels according to the dilatometry curves. 
Fig. 2.4 shows the fraction of transformed phase during annealing at 650 °C for LCLV and 
HCHV steels as a function of annealing time. In both steels, more than 97% of the initial 
austenite is transformed after 20 min isothermal holding at 650 °C, so the final microstructure 
of the samples annealed for longer times mainly consists of ferrite. For shorter times, the 
microstructure consists of a mixture of ferrite and martensite. The martensite forms from the 
untransformed austenite during the final quenching to room temperature. According to Fig. 2.4, 
the onset of the austenite-to-ferrite phase transformation is delayed in the HCHV steel 
compared to the LCLV steel. This can be attributed to the higher carbon content of the HCHV 
steel, which stabilizes the austenite and delays the onset of phase transformation. In addition, 
vanadium can retard ferrite nucleation due to the formation of precipitates/clusters at the 
possible nucleation sites of ferrite [48]. However, the effect of vanadium on the phase-
transformation kinetics requires further investigation (see Chapter 5 of this thesis). Based on 
theoretical TTT (time-temperature-transformation) diagram calculations using the program 
MUCG83 [49], the effect of carbon on the delay of the onset of phase transformation is stronger 
than the effect of vanadium in these steels. 
 
 

 

 
 
Fig. 2.4. Austenite to ferrite and 
pearlite phase transformation kinetics 
of LCLV(▲) and HCHV(■) steels 
during isothermal annealing at 650°C 
(from dilatometry). According to SEM, 
the fraction of pearlite formed can be 
neglected. 

 
 
Representative SEM images showing the microstructural evolution during annealing at 650 °C 
for both steels are presented in Fig. 2.5. Figs. 2.5a, c and e are related to the LCLV steel 
specimens annealed for 2 min, 10 min and 10 h, respectively, while the micrographs in Figs. 
2.5b, d and f correspond to HCHV specimens annealed for 1 min, 7 min and 10 h, respectively. 
The existent ferritic (F), martensitic (M) and pearlitic (P) areas are indicated in each condition. 
The SEM analysis shows the local formation of a small fraction of pearlite in both steels. The 
cementite precipitation is observed after 2 min of annealing in the LCLV steel and after 1min 
in the HCHV steel, as shown in Fig. 2.5a and b. 
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Fig. 2.5. SEM micrographs of the LCLV and HCHV steels isothermally annealed at 650°C 
for different times and subsequently quenched to room temperature. Microstructure of 
LCLV specimens annealed for a) 2min, c) 10min and e) 10h and of HCHV specimens 
annealed for b) 1min, d) 7min and f) 10h. The existent ferritic (F), martensitic (M) and 
pearlitic (P) areas in each condition are indicated. 
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2.3.2. Precipitation kinetics  
2.3.2.1. Method for the Small-Angle Neutron Scattering data analysis 
 
The Small-Angle Neutron Scattering intensity is a 2D pattern that reflects the macroscopic 
differential scattering cross-section, (dΣ/dΩ)(Q). This is a function of the scattering vector, Q, 
and is obtained from the SANS intensity after background correction and calibration of the 
neutron flux considering the detector efficiency and sample transmission [50]. The (dΣ/dΩ)(Q) 
may have two components because of the two different interactions of neutrons with matter. 
Neutrons interact with the nuclei of the atoms via nuclear forces, leading to the nuclear cross-
section, (dΣ/dΩ)NUC(Q), and with the magnetic moments of the unpaired electrons through the 
dipole-dipole interaction [35], leading to the magnetic cross-section, (dΣ/dΩ)MAG(Q). The 
selection rules for the magnetic scattering are such that neutrons “see” only the magnetization 
components that are perpendicular to the scattering vector, Q. Thus, if an external magnetic 
field is high enough to saturate the magnetization and is applied along a direction contained in 
the detector plane, the macroscopic differential scattering cross-section can be written as [35]:  
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α     = + ⋅     
     

Q  ,          (Eq. 2.1) 

 
where α is the angle between the magnetic field direction and Q. In this way, it is possible to 
distinguish the nuclear and magnetic contribution to the scattering. For this purpose, we 
consider sectors of 30°, parallel and perpendicular to the magnetic field, leading to (dΣ/dΩ)NUC 
and (dΣ/dΩ)NUC+(dΣ/dΩ)MAG, respectively, and the (dΣ/dΩ)MAG is calculated as the difference 
between these results. We then obtain quantitative information on the precipitation kinetics in 
the steel matrix by a detailed analysis of the nuclear differential scattering cross-section, which 
for a dilute system of precipitates within a homogeneous matrix is given by [50]: 
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with R and V the precipitate radius and volume (for spherical precipitates it is V=(4/3)πR3) 
respectively. The log-normal number distribution, DN(R), is assumed to be given by: 
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where Np is the precipitate number density, Rm is the mean precipitate radius and σ is the 
standard deviation of the size distribution. The precipitate volume distribution is the product 
DV(R) = DN(R).V. 
P(Q,R) is the form factor describing the precipitate shape, which for spherical precipitates is 
P(Q,R)=3[sin(QR)-(QR)cos(QR)]/(QR)3  [50],[51]. 
Finally, ΔρNUC is the difference in nuclear scattering length density between the matrix and the 
precipitates (nuclear contrast) and is given by ΔρNUC = ρFe - ρVC ≈ No

Fe bc
Fe - No

VC bc
VC. The 

term No is the number density calculated for Fe and VC considering their bulk density, ρm, and 
their molecular weight, M, using No = NA ρm/M, yielding the number density of Fe atoms No

Fe 
= 84.9 nm-3 and of VC, with the stoichiometric ratio of V/C = 1, No

VC = 55.1 nm-3. NA is the 
Avogadro’s number and bc is the coherent scattering length. The scattering length of the matrix 
and the precipitates is bc

Fe = 9.45 x 10-15 m and bc
VC = 6.26 x 10-15 m, respectively, resulting in 
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ρFe= 8.02 x 10-4 nm-2 for iron and ρVC = 3.46 x 10-4 nm-2 for the vanadium carbides, and 
eventually in ΔρNUC

2 = 20.8 x 10-8 nm-4. 
The precipitate volume fraction, fV, is calculated by integrating the area under the 
[Q,Q2(dΣ/dΩ)NUC] curve, which is commonly known as Kratky Plot. For a dual-phase system, 
the area Qo,NUC below the Kratky Plot is [35]: 
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When the precipitate volume fraction is low, the above equation is simplified to: 
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The precipitation kinetics of both steels during annealing at 900, 750 and 650 °C is discussed 
below based on the SANS measurements.  
Similar to the nuclear scattering length density, the difference in magnetic scattering length 
density between the matrix and the precipitates (magnetic contrast), ΔρMAG, is given by ΔρMAG 
= ρMAG

Fe - ρMAG
VC. The matrix magnetic scattering length, ρMAG

Fe, is ρMAG
Fe = p / Vbcc. The p 

is the magnetic scattering length of Fe given by p = 2.699 x 10-15 m * μ, where μ is the saturation 
per iron atom in μB units. The magnetic scattering from the precipitates can be neglected here 
as the precipitates are considered to be non-magnetic, resulting in ΔρMAG = ρMAG

Fe = 5.09 x 
10-4 nm-2 at room temperature. The magnetic differential scattering cross section can be used 
in the same way as the nuclear differential scattering cross section for quantifying the 
precipitation kinetics providing the same results, however, these calculations are not included 
in the current work. 
 
 
2.3.2.2. Precipitation kinetics at 900 and 750 °C 
 
The SANS intensity of the LCLV and HCHV steels that have undergone an isothermal 
annealing treatment at 900 and 750 °C for 10 h is compared to the corresponding intensity of 
the specimen of each steel that is directly quenched from the soaking temperature to room 
temperature and does not contain any precipitates. No significant differences are observed, 
leading to the conclusion that precipitates are not detected in any in these conditions. The SANS 
intensity curves of the samples annealed at 900 and 750 °C can be found in the supplementary 
material of this manuscript (Appendix A).  
The absence of precipitates at 900 and 750 °C in both steels is closely related to the (near) non-
occurrence of the austenite-to-ferrite phase transformation as discussed during the 
interpretation of the dilatometry and SEM data. Since the austenite-to-ferrite phase 
transformation does neither take place at 900 °C in any of the steels nor at 750 °C in the HCHV 
steel, and due to the high solubility of the vanadium in austenite, precipitates are not formed in 
these conditions, which is in agreement with Ref. [15]. Precipitates are also not detected in the 
LCLV steel at 750 °C after 10 h of isothermal holding despite the transformation of a small 
fraction of austenite into ferrite in this steel. Nucleation of precipitates might have started in 
this condition, however, the precipitates size and volume fraction are expected to be extremely 
small, i.e. radius below 1 nm and volume fraction below 0.1 %, respectively, and, therefore, 
not detectable by the SANS technique.  
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Moreover, it is worth mentioning here that ThermoCalc equilibrium calculations are not in 
agreement with our studies, since ThermoCalc predicts precipitation and phase transformation 
at 750 °C in both steels and precipitation at 900 °C for the HCHV alloy (Fig. 2.2). The 
difference between our experimental results and ThermoCalc could be attributed either to the 
Gibbs-Thomson effect, which could be significant for small nano-sized precipitates, or to the 
fact that the system has not reached equilibrium after 10 h of annealing. 
The equilibrium concentration of vanadium in the matrix taking into account the Gibbs-
Thomson effect, Xeq,r, is given by [52]: 
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 .              (Eq. 2.6) 

 
In the equation above, Xeq,∞ is the solubility limit of vanadium in ferrite according to 
ThermoCalc, γ the interface energy between the precipitates and the ferritic matrix, υat

VC the 
average atomic volume of the vanadium carbides, Xp the equilibrium mole fraction of vanadium 
in the VC-precipitates calculated by ThermoCalc, r the precipitate radius, kB the Boltzmann 
constant and T the temperature. For precipitates with an average radius in the range 1.1 - 2 nm 
and for typical precipitate-ferritic matrix interface energy values in the range  0.2 - 0.8 J/m2 
[53], the resulted Xeq,r at 750 and at 900 °C is very close to the Xeq,∞ and always smaller than 
the total amount of vanadium in both steels. This means that the increase in the solubility limit 
of vanadium in the matrix due to the increase in Gibbs free energy of the precipitates (attributed 
to the Gibbs Thomson effect) is very small and not sufficient to prevent precipitation in the 
steels. Based on the above calculations, we conclude that the Gibbs Thomson effect cannot – 
on its own – explain the difference between the experimental results and equilibrium 
ThermoCalc calculations, and other kinetics factors may play a role. 
The most possible explanation is that the system is far from equilibrium after 10 h at 750 and 
900 oC for both alloys. According to ThermoCalc, the maximum ferrite fraction that can form 
at 750 oC is 86 % and 87 % for the LCLV and the HCHV alloy, respectively. As a result, a 
maximum precipitate volume fraction that could form would be 0.42 and 0.95 % in the LCLV 
and the HCHV steels, respectively. At 900 oC, ferrite formation is not predicted by ThermoCalc 
in either of the steels, however, precipitation of a maximum of 0.3 % would be possible in the 
HCHV steel. The equilibrium conditions predicted by ThermoCalc could be reached by 
applying longer annealing times at 750 and 900 oC. 
 
 
2.3.2.3. Precipitation kinetics at 650 °C 
 
The SANS nuclear differential scattering cross sections of the LCLV and HCHV steels 
annealed at 650 °C are shown in Fig. 2.6a and b, respectively. The corresponding magnetic 
components are presented in Fig. 2.6c and d. For the sake of simplicity we only show the 
scattering curves obtained at the most informative annealing times (30 s, 2 min, 5 min, 20 min, 
45 min, 2 h and for 10 h at 650 °C). The nuclear and magnetic scattering cross sections of the 
direct-quenched specimens are also provided. 
SANS is used to study the precipitation kinetics in the LCLV and HCHV steels, in which it 
should be kept in mind that the dislocations from the martensite phase also contribute to the 
SANS pattern. The analysis of the precipitation kinetics that is explained below refers to both 
LCLV and HCHV steels as their nuclear scattering cross sections follow the same trend during 
annealing.  
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For the specimens of both steels annealed for less than 2 min at 650 °C, the SANS intensity 
follows a Q-4 power law (Porod’s Law), indicating that scattering originates from large-scale 
objects like grain boundaries and interfaces [37],[49],[54]. In the absence of deviations from 
the Q-4 power law, we conclude that neither precipitation nor phase transformation have started. 
Between 2 and 20 min of annealing, a decrease in the nuclear intensity is observed in the low-
Q area (Q < 0.2 nm-1). The (dΣ/dΩ)NUC at low-Q values originates from large objects like grain 
boundaries, dislocations and large precipitates [37],[49],[54]. Therefore, the decrease in the 
(dΣ/dΩ)NUC in the low-Q area of the 2 - 20 min curves is attributed to the phase transformation 
through the decrease of the fraction of martensite (which forms directly after the quench from 
650 °C to room temperature and contains high dislocation and grain boundary densities) in 
agreement to the phase transformation kinetics curve in Fig. 2.2. For higher Q values, in the 2-
20 min curves, an increase in (dΣ/dΩ)NUC is observed, originating from the scattering of small 
precipitates. For annealing times longer than 20 min, when the phase transformation is almost 
complete, additional scattering is observed over the whole Q range. In the low-Q range, the 
major contribution to the signal comes from cementite as well as from the large VC precipitates. 
The small increase in (dΣ/dΩ)NUC in the high-Q area is caused by smaller precipitates. 
The magnetic scattering cross sections of the LCLV and HCHV steels, depicted in Fig. 2.6c 
and d, do not show the same Q dependence and time evolution as the corresponding nuclear 
scattering cross sections, indicating different nuclear and magnetic structures in our steels. A 
decrease in (dΣ/dΩ)MAG curves is observed over the entire Q range in both steels up to 2 h of 
annealing while an increase is observed for longer annealing times. The martensitic phase 
having a high dislocation density, large number of Low-Angle Grain Boundaries (LAGB) and 
iron carbides may pin the walls between the magnetic domains and hinder their alignment along 
the magnetic field. The precipitation of cementite and the formation of pearlite also affect the 
magnetic SANS intensity, but this feature is not further analyzed in this paper. 
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Fig. 2.6. Nuclear differential scattering cross section of a) LCLV and b) HCHV steel as a 
function of Q measured at room temperature after annealing at 650 oC for up to 10h. The 
corresponding magnetic differential scattering cross sections are plotted in c) and d) for 
LCLV and HCHV steel, respectively. The scattering curves of the samples heat-treated at 
the most representative conditions are shown. 

 
Quantitative information on the precipitation kinetics is obtained from Kratky plots, in which 
Q2(dΣ/dΩ)NUC is plotted as a function of Q. Fig. 2.7a and b show such plots for different 
annealing times at 650 °C of LCLV and HCHV for some representative conditions. For an 
accurate analysis of the VC precipitation kinetics by SANS, only the scattering from the 
precipitates is considered whereas all other contributions are subtracted. 
During isothermal annealing, a progressive increase in the Q2(dΣ/dΩ)NUC intensity in both 
LCLV and HCHV steels is observed. As the holding time increases, the peak position of the 
curves gradually moves towards the lower Q area, reflecting the increasing precipitate size 
(growth or coarsening). 
The experimentally derived Kratky plots are fitted to the theoretical Kratky-plot equation (Eq. 
2.2 multiplied by Q2) leading to the calculation of the fitting parameters Rm, Np and σ for each 
curve. The fitting is performed for the specimens of LCLV and HCHV steels annealed for times 
longer than 5 min at 650 °C. For shorter annealing times, the experimental Q2(dΣ/dΩ)NUC 
curves cannot be fitted as they have a completely flat profile (precipitates are not detected 
before 2 min as explained before).  
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Fig. 2.7. Time evolution of Q2(dΣ/dΩ)NUC vs 
Q for the a) LCLV and the b) HCHV steel 
during holding at 650°C for up to 10h (data 
points), after background subtraction. The 
thinner dotted lines represent the theoretical 
Q2(dΣ/dΩ)NUC curves originating from the 
fitting. 

 
The evolution of the precipitate mean radius, Rm, and number density, Np, during annealing 
from 5 min to 10 h is shown in Fig. 2.8a and b, respectively. The precipitates’ growth during 
annealing in both steels is reflected in the increase of the precipitate mean radius (Fig. 2.8a). A 
maximum precipitate radius of 1.5 and 1.8 nm is reached after 10 h of annealing for LCLV and 
HCHV steels, respectively. 
Like the mean precipitate radius, the precipitate number density follows the same trend for both 
steels. The gradual increase in the precipitate number density (Fig. 2.8b) from the beginning of 
annealing and for the first 10 min at 650 °C suggests intense precipitate nucleation. Between 
10 and 20 min of annealing, the precipitate number density remains constant while their radius 
is increasing, indicating that precipitate growth is the dominant phenomenon. We define as 
time period 1 the first 20 min of annealing and period 2 from 20 min to the end of annealing. 
During period 2, the precipitate number density continuously decreases due to precipitate 
coarsening. 
At the beginning of annealing the precipitates are small and their size is comparable to the 
resolution of the SANS instrument, leading to larger error bars in the precipitate mean radius 
(Fig. 2.8a) and number density (Fig. 2.8b). Additionally, the background contribution from 
dislocations decreases with time and fitting the Kratky-plot curves results in lower error values 
for longer annealing times. 
As shown in the (dΣ/dΩ)NUC(Q) curves of Fig. 2.6a and c, the Q range of the nuclear differential 
scattering cross sections is restricted to 0.04 ≤ Q ≤ 1.05 nm-1, limiting the Q range of the Kratky-
plot curves (Fig. 2.7a and b) and, consequently, leading to an underestimation of the precipitate 
volume fraction, fV, if only this Q-range is used for the  integration. For an accurate volume 
fraction determination, first the area below the Q2(dΣ/dΩ)NUC curves, Qo,NUC, is calculated as 
the sum of Qo,1,NUC+Qo,2,NUC, and then the precipitate volume fraction is derived from Eq. 2.5. 
Qo,1,NUC is the area below the curve determined by the data in the Q range 0.04 - 1.05 nm-1. 
These data are calculated by multiplying (dΣ/dΩ)NUC(Q) (corrected after background 
subtraction) with Q2, as described above. Qo,2,NUC is the area below each dotted Kratky plot for 
Q values between 1.05 and 2 nm-1 (Fig. 2.7a and b). The dotted curve is the theoretical 
calculated Kratky plot curve in the Q range 1.05 - 2 nm-1. It is calculated for each annealed 
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specimen using the Rm, Np and σ values obtained from the fitting of the experimental Kratky 
plot in the Q range 0.04 - 1.05 nm-1. Deviations between experiments and theory in the low Q 
range are most probably related to difficulties in the background subtraction. 
The time evolution of the precipitate volume fraction during annealing at 650 °C is illustrated 
in Fig. 2.8c for both LCLV and HCHV steels. Before 2 min, no precipitates are detected and 
the measured precipitate volume fraction curve is practically zero. After 2 min, the volume 
fraction increases continuously, reaching a maximum 0.37 ± 0.09 % for the LCLV steel and 
0.93 ± 0.16 % for the HCHV steel after 10 h of annealing. Precipitation takes place during and 
after the phase transformation and precipitates are measured in both steels when a certain 
volume fraction of ferrite is formed after 5 min. This is illustrated in Fig. 2.9a and b, in which 
the precipitation and phase transformation kinetics are plotted for the LCLV and HCHV steels, 
respectively. The enhanced precipitation during phase transformation is a result of solubility 
drop of the vanadium when austenite transforms to ferrite, giving rise to a high driving force 
for precipitation. The precipitates formed during the transformation are aligned in rows 
(interphase precipitation, see TEM image, Fig. 2.11, and APT maps, Fig. 2.12a and d), while 
those nucleating after the completion of the phase transformation are randomly dispersed and 
have a smaller diameter. The small increase in the nuclear scattering intensity in the large-Q 
area after 20 min of annealing at 650 °C, as shown in Fig. 2.6a and c, originates from these 
small precipitates.  
The continuous increase in volume fraction after 20 min (Fig. 2.8c), combined to the increase 
in precipitate size (Fig. 2.8a) and the decrease in precipitate number density (Fig. 2.8b), 
indicates combined precipitate growth and coarsening. Fig. 2.8d shows the evolution of the 
amount of vanadium in solid solution, fvanadium,ss, in both alloys. It decreases rapidly during 
precipitate nucleation and growth (during time period 1) and continues decreasing till the end 
of the annealing treatment due to the combined growth and coarsening (period 2). 
The measured volume fraction, average precipitate size and number density of the precipitates 
are compared to the SANS results of previous studies of a steel with a similar that is annealed 
at 700 °C (instead of 650 °C) [20]. We observe similarities and important differences between 
annealing at 700 and 650 °C. We observe an increase in precipitate volume fraction in the 
LCLV steel from 0.13 to 0.37 % from 5 min to 10 h of annealing at 650 °C, which is similar to 
the findings reported in Ref. [20], which reports an increase from 0.09 to 0.28% during 
annealing in the same time range at 700 °C in a steel with similar vanadium content. However, 
we measure small (<2 nm) spherical / slightly ellipsoidal precipitates with number density of 
~1023 m-3, while in ref. [20], ~10 times larger  disk-shape and oblate precipitates are detected 
with number density ~1021 m-3, suggesting that small changes, like a 50 °C change in the 
annealing temperature, lead to very different precipitation kinetics. The precipitate number 
density values deduced from our SANS data are comparable to previous studies on vanadium 
carbides at the same temperatures for medium [18],[24] and low-carbon steels [19]. 
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Fig. 2.8. Precipitate a) mean radius, Rm, b) 
number density, Np, c) volume fraction, fV, 
and, d) amount of vanadium in solid 
solution, fvanadium,ss, evolution during 
annealing at 650 °C for the LCLV(▲) and 
HCHV(■) steels.  During time period 1, 
phase transformation takes place and 
precipitate nucleation and growth are 
dominant. In period 2, phase 
transformation is almost complete (>97% 
of austenite transformed) and precipitate 
growth (with overlapping diffusion fields) 
and coarsening take place. The dashed lines 
indicate the equilibrium values calculated 
by ThermoCalc [41]. 

 
Thermodynamic calculations performed with the ThermoCalc software [41] give an 
equilibrium volume fraction for VC of 0.56% in the LCLV steel and 1.09% in the HCHV steel 
at 650 °C (Fig. 2.2), which is slightly higher than the values deduced by SANS. From these 
results, it is concluded that after 10 h of isothermal holding most of the vanadium is in the 
precipitates, but the volume fraction has not reached its maximum value. 
The precipitation kinetics are found to have the same behavior in the LCLV and HCHV steels 
during annealing from 5 min to 10 h at 650 °C due to the same phase transformation kinetics 
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in this time range. Due to the delay in the onset of austenite-to-ferrite phase transformation in 
HCHV steel compared to LCLV steel at 650 °C (Fig. 2.2), and considering the fact that 
precipitation of vanadium carbides is more favored after the beginning of the phase 
transformation, a delay in precipitation kinetics in the HCHV steel is expected in order to 
follow the trend of the phase transformation curve. According to the phase transformation 
kinetics curves of Fig. 2.2, the delay should be observed during the first 5 min of annealing. 
However, because of the limitations of the SANS technique, precipitates are only detected after 
5 min of annealing in both steels. Therefore possible differences in the start of the precipitation 
kinetics between both steels in the first 5 min of annealing cannot be observed.  
Moreover, according to the dilatometry results in Fig. 2.2, after 5 min, the phase transformation 
kinetics for the LCLV and HCHV steels show similar behavior. This is reflected in the 
precipitation kinetics which follows the same trend in both steels after 5min as shown in Fig. 
2.8a, b and c. 
 

 

 
 
 
Fig. 2.9. Vanadium carbide 
precipitation and austenite-to-
ferrite phase transformation 
kinetics (see Fig. 2.4) during 
isothermal annealing at 650 °C 
in the a) LCLV and b) HCHV 
steels. In both steels, 
precipitation takes place during 
and after the phase 
transformation. During time 
period 1, phase transformation 
takes place and precipitate 
nucleation and growth are 
dominant. In 2, phase 
transformation is almost 
complete (>97% of austenite 
transformed) and precipitate 
growth and coarsening take 
place. 

 
As a last step in the precipitation kinetics analysis, Fig. 2.10a and b show the time evolution of 
the log-normal precipitate volume distribution of the VC precipitates in the LCLV and HCHV 
steels, respectively. The average precipitate size determines the peak position of the volume 
distribution curve while the area below each curve is the precipitate volume fraction at that 
time of annealing. For both steels, the peak area of the distribution increases with time until 20 
min of annealing, without any shift in the peak position, indicating pronounced nucleation of 
small sized nuclei. After 20 min, the volume distribution curves broaden with increasing 
holding time, coupled with a decrease in peak height and a shift in the peak position to larger 
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R values. We thus conclude that the growth and coarsening effect is dominant in this time range 
and is becoming stronger with holding time. 
 

 

 
 
 
 
 
 
 
 
 
 
 
Fig. 2.10. Log-normal volume 
distribution, DV, of the VC 
precipitates in the a) LCLV and b) 
HCHV steels during annealing at 650 
°C for up to 10 h. The curves are 
based on the Rm, Np and σ values 
resulted from the fitting of the 
experimental Q2(dΣ/dΩ)NUC results. 

 
 
 
2.3.2.4. Precipitation characterization by TEM and APT at 650 °C 
 
Fig. 2.11 shows a representative bright-field TEM image of the HCHV specimen annealed at 
650 °C for 20 min and subsequently quenched to room temperature. The precipitates are 
represented in black while the ferritic matrix is represented in grey. The precipitates are 
arranged in rows, showing that interphase precipitation takes place during the austenite-to-
ferrite phase transformation during the first 20 min of annealing. The average distance between 
the rows (inter-sheet spacing) in this condition is approximately 12 nm. The precipitates’ 
average radius is measured to be around 1.1 nm, in agreement with the value 1.3 ± 0.6 nm 
derived from the SANS measurements. In addition, spherical (or slightly ellipsoidal) 
precipitates are observed, which a posteriori justifies our SANS data analysis based on the 
modelling of spherical precipitates. The fact that the precipitates’ shape is spherical is in 
agreement to previous studies [18],[19],[24], in which spherical/ellipsoidal [18],[19] and 
spherical/disk-shaped [24] vanadium carbide precipitates were formed during isothermal 
annealing at the same temperature. 
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Fig. 2.11. Bright field TEM image 
illustrating interphase precipitation in 
the HCHV steel. It belongs to the 
specimen annealed for 20min at 650°C. 

 
 
Representative 3D vanadium atom maps obtained by APT from samples of the LCLV and 
HCHV steels heat treated at 650 °C for holding times of 5 min, 45 min, and 10 h are shown in 
Fig. 2.12a-c and Fig. 2.12d-f, respectively. The V-rich regions can be clearly seen in all maps, 
which are superimposed with 2 at.%V iso-concentration surfaces. This threshold of vanadium 
concentration is set to a value much larger than the steel nominal composition in order to avoid 
local vanadium concentration fluctuations. The 3D maps can be rotated in any orientation, 
providing information regarding the precipitates’ shape and arrangement. In all these maps and 
for both steels, spherical and ellipsoidal precipitates are observed. Small precipitates with a 
high number density can be seen in Fig. 2.12a and d after 5 min of annealing at 650 °C of a 
LCLV and a HCHV specimen, respectively. Their size increases with annealing time as a result 
of growth and/or coarsening as shown in Fig. 2.12b, c, e and f, while their number continuously 
decreases. Moreover, precipitates aligned in parallel rows are observed in both steels (Fig. 
2.12a and d), denoting interphase precipitation. Randomly distributed precipitates in the ferritic 
matrix are also present, as shown in Fig. 2.12c. 
From the vanadium maps, we deduced the inter-sheet spacing of interphase precipitation, 
determined by the velocity of the migrating α/γ interface during the austenite-to-ferrite phase 
transformation. The inter-sheet spacing is measured in the 5 min annealing condition in both 
steels, where coarsening has not started yet and the precipitates arrangement is relatively clear. 
It is found to be in the range of 12 - 17 nm in both steels, in agreement with our TEM 
measurements.  
A quantitative characterization of vanadium carbide precipitates is obtained through a detailed 
cluster analysis. The cluster analysis is performed following the maximum separation method 
[55] based on solute vanadium atoms. Carbon enrichment is observed in the V-rich regions, 
indicating the presence of vanadium carbide precipitates. The maximum distance between two 
solute atoms that belong to the same cluster, dmax, and the minimum number of atoms in a 
cluster, Nmin, are chosen as 1 nm and 20, respectively, after a trial and error procedure. The 
same dmax and Nmin parameters are selected for all the measured specimens of LCLV and HCHV 
alloys. Clusters containing fewer atoms than Nmin are not considered in the analysis to avoid 
the contribution of possible local fluctuations of vanadium concentration within the matrix. 
The dmax is determined based on the nearest neighbor distance (NN) distribution of 3 nearest 
neighbors. 



33 
 

 

 
 
 
 
 
 
Fig. 2.12. 3D APT atom maps of V of a)-
c) LCLV steel and d)-f) HCHV steel 
specimens previously treated in different 
conditions. The maps are superimposed 
with iso-concentration surfaces of 
2at%V. The arrangement of the 
precipitates and their evolution during 
annealing is shown. 

 
The cluster analysis provides information regarding the precipitate size distribution, number 
density and volume fraction in the analyzed tips. The precipitate number density is the number 
of precipitates divided by the analyzed volume (volume of the tip), and the precipitate volume 
fraction is the total precipitate volume divided by the analyzed volume. The precipitate volume 
is calculated from the number of vanadium atoms in each precipitate taking into account the 
unit cell volume of the VC and the number of vanadium atoms per unit cell. Four vanadium 
atoms are in one VC unit cell and its lattice parameter is 0.415 nm [31]. The radius of each 
precipitate is then calculated by assuming spherical precipitates. The detection efficiency of 
the instrument is 36% and it is considered in the above calculations to obtain the real number 
of the detected atoms. 
Table 2.2 summarizes the precipitate radius, number density and volume fraction derived from 
APT measurements. The results obtained from the specimens of both steels, heat-treated for 
the three annealing conditions, are compared to the corresponding values obtained from the 
SANS data analysis. The number of tips measured per condition by APT is given and Rm, Np 
and fV presented are the calculated average values of all the analyzed tips per condition. 
Precipitates are detected in all the analyzed tips of both alloys, except for 3 tips of the LCLV 
specimen annealed for 5 min. This is attributed to the low precipitate volume fraction (0.13%) 
in the LCLV steel after 5 min of annealing at 650 °C, and suggests non- homogeneous 
precipitate distribution over the entire specimen volume.  
The precipitate mean radius, number density and volume fraction values obtained from the 
APT cluster analysis are in good agreement with the corresponding values derived from the 
SANS analysis as shown in Fig. 2.8a, b and c. The precipitate mean radius and volume fraction 
are continuously increasing in both steels during annealing at 650 °C, while the precipitate 
number density is decreasing from 45 min to 10 h due to precipitate coarsening. 
The fraction of vanadium atoms in solid solution in ferrite during annealing can be also 
obtained from the APT cluster analysis. The fraction of vanadium in solid solution, fvanadium,ss, 
is calculated for each tip as: 
 
fvanadium,ss = (NV,total - NV,precip) / NV,total = NV,α-Fe / (NV,α-Fe + NV,precip)       (Eq. 2.7) 
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In Eq. 2.7, NV,total is the total number of vanadium atoms detected, NV,precip is the number of 
vanadium atoms in precipitates and NV,α-Fe is the calculated number of vanadium atoms in 
ferrite (NV,total - NV,precip). The fraction of vanadium in solid solution is averaged over the tips 
of the same specimen and is presented in the last column of Table 2.2. The 3D-APT 
measurements reveal that the total fraction of solute vanadium atoms in ferrite decreases during 
isothermal annealing in both steels due to continuous precipitation. However, it is not 
completely eliminated even after 10 h of annealing in any of the steels, indicating that the 
maximum volume fraction of precipitates is not reached. This is in agreement with the SANS 
results (see Fig. 2.8d) and the ThermoCalc [41] predictions for the equilibrium precipitate 
volume fraction stated earlier. 
Note that APT allows for a local precipitation analysis over an average tip volume in the order 
of ~106 nm3 while SANS measurements are performed in large samples with dimensions 10 x 
10 x 1 mm3 (= 1020 nm3), leading to better statistics. Additionally, the nature of the APT 
technique introduces deviations in the mean atom-atom distance between reality and 
reconstructed data which consequently affect the cluster analysis. Based on these 
considerations, it is reasonable to expect small deviations between the results obtained by the 
two techniques. Nevertheless, the good agreement between the results obtained from these two 
very different techniques supports the validity of our analysis. 
The precipitate size distribution derived from the APT cluster analysis for the LCLV and 
HCHV specimens annealed for 5 min, 45 min and 10 h is plotted in Fig. 2.13. The total number 
of precipitates measured in all tips for each thermal condition is also presented. A larger number 
of precipitates is measured in the HCHV specimens compared to the corresponding LCLV 
specimens that have undergone the same heat treatment due to the higher vanadium and carbon 
concentration. The time evolution of the distribution is found to have the same behavior as the 
one measured by SANS (Fig. 2.10a and b). Smaller precipitates are present in the first 5 min 
of annealing. As the isothermal annealing proceeds, the peak of the distribution is moving 
towards higher radii and the distribution broadens, indicating growth and coarsening as the 
dominant phenomena in these steps. Isothermal holding at 650 °C from 45 min to 10 h leads to 
a decrease of the total number of precipitates in both steels while coarse particles are formed. 
Only a few precipitates with a radius of more than 3 nm are found in both steels and the 
precipitate radius does not exceed 5.5 nm. 
The precipitates’ chemical composition profile is derived from the Proximity Diagrams 
(Proxigrams) [56], which are calculated based on iso-concentration surfaces (iso-surfaces) of 
2 at% vanadium. The evolution of the precipitates’ chemical composition during annealing is 
presented in 1D composition profile in Fig. 2.14a and c for the LCLV steel and in Fig. 2.14b 
and d for the HCHV steel. A comparison is shown between the precipitate chemical 
composition after 5 min and 10 h of annealing in both steels. The concentration profiles are 
calculated in one representative precipitate for each condition. The precipitate composition 
evolution during annealing shows the same behavior for both steels and is dependent on the 
precipitate size. It is observed that the matrix/precipitate interface is not sharp (on a nm-length 
scale) and that there is a gradual increase of vanadium and carbon along with a decrease of Fe 
concentration from the surface to the precipitate core for all the annealing conditions. The 
smaller precipitates formed after 5 min at 650 °C are Fe-rich despite a decrease in Fe content 
from their surface to their core. A drop in the fraction of Fe in the core is observed in the larger 
precipitates observed after 10 h and the core consists only of vanadium and carbon atoms in a 
stoichiometric ratio. Our results suggest no manganese enrichment in the precipitates, which is 
in agreement with Ref. [13], [19], [26] and [27], but in contrast to Ref. [25], in which 
manganese enrichment was observed only in the interphase precipitates and not in the randomly 
distributed ones. 
 



36 
 

 
Fig. 2.13. Precipitate size distribution based on APT cluster analysis in a) LCLV and b) 
HCHV steels. The cluster analysis is performed in all the tips presented in Table 2.2. 

 
 

 
Fig. 2.14. Proxigrams showing the precipitate chemical composition evolution during 
isothermal holding at 650 °C. a) LCLV and b) HCHV steel annealed for 5min, c) LCLV and 
d) HCHV steel annealed for 10h. They are based on iso-concentration surfaces of 2at%V and 
belong to one representative precipitate of this condition. 
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2.3.2.5. Precipitate growth / coarsening at 650 °C 
 
The average growth of the precipitate after the austenite/ferrite transformation front has passed 
can be described by the model developed by Öhlund et al. [21], in which the growth is 
controlled by volume diffusion of atoms, i.e. in our case of vanadium atoms. During precipitate 
growth, the diffusion field is assumed to have a linear concentration profile with length, L, 
which can be calculated by [21]: 
 

( ) ( )
1 3

2
1 3

2

1 2 444 54 6 54 132 81
3 33 44 54 6 54 132 81

L B B B R
B B B

 
 = + + + + − − 
 + + + +
 

 ,       (Eq. 2.8) 

 
where R is the precipitate radius and B = (c0

m - cequil
VC)/(cequil

m - c0
m). c0

m is the concentration 
of vanadium in the matrix obtained from the nominal steel composition. cequil

m and cequil
VC are 

the equilibrium concentrations of vanadium atoms in the matrix and in the vanadium carbide 
precipitates, respectively, and both quantities can be derived from ThermoCalc [41]. For the 
LCLV steel these are cequil

m = 0.011 wt.% and cequil
VC = 68 wt.%, while for the HCHV steel 

cequil
m = 0.014 wt.% and cequil

VC = 70 wt.%. According to ThermoCalc, the cequil
VC is slightly 

different between the 2 alloys and also deviates from the theoretical calculated value for pure 
VC of 1:1 stoichiometric ratio, i.e. ctheoretical,equil

VC = atomic mass of vanadium / (atomic mass 
of vanadium + atomic mass of carbon ) = 50.9/62.9 = 81%. This indicates that possibly a small 
amount of Fe is included in the precipitates. In particular, ThermoCalc predicts a precipitate 
equilibrium composition of 45mol%V, 47mol%C and 8mol%Fe in both steels. 
Coarsening is possible only when the diffusion fields of neighboring precipitates overlap. The 
length of the linear concentration profile, L, is calculated for both steels for the specimens 
annealed for times longer than 20 min, using the experimental mean radius values, Rm, derived 
by SANS. The average distance between two randomly distributed precipitates, d, is obtained 
by using the experimental number density values from SANS measurements and is equal to Np

-

1/3. For the case of the growth of spherical precipitates of the same size, the diffusion fields 
overlap when 2R+2L>d.  This criterion is fulfilled for both steels for all the samples annealed 
for longer than 20 min at 650°C and the results are summarized in Table 2.3. Combining the 
fact that the diffusion fields overlap with the experimental observations that the precipitate 
number density decreases (Fig. 2.8b), the volume fraction increases (Fig. 2.8c), and the amount 
of vanadium in solid solution decreases (Fig. 2.8d) with time, proves that the observed increase 
in average precipitate radius (Fig. 2.8a) after 20 min of annealing is the result of both growth 
with soft impingement (overlapping diffusion fields) and coarsening. 
 
 
Table 2.3. Overlap of the diffusion fields of the VC precipitates. 

Steel Holding 
time 

Rm (nm) 
by SANS L (nm) d = Np-1/3 (nm) Overlap of diffusion fields 

 2Rm + 2L > d 

LCLV 

20min 1.20 10.3 14.6 Yes 
45min 1.24 10.6 15.7 Yes 

2h 1.35 11.6 16.8 Yes 
10h 1.53 13.2 20.3 Yes 

HCHV 

20min 1.29 8.5 11.9 Yes 
45min 1.48 9.8 13.9 Yes 

2h 1.58 10.4 14.4 Yes 
10h 1.80 11.9 16.8 Yes 



38 
 

2.4. Conclusions 
 
The vanadium carbide precipitation kinetics and the austenite-to-ferrite phase transformation 
kinetics are studied in two vanadium micro-alloyed steels, which are isothermally heat-treated 
at different temperatures for various holding times, by combining dilatometry, SANS, TEM 
and 3D-APT measurements. The conclusions are summarized as follows: 
(1) Thermodynamic equilibrium calculations predict that vanadium carbide precipitates are 
present at 900, 750 and 650 °C. However, experiments show that neither precipitation nor phase 
transformation takes place in both steels when isothermally treated at 900 and 750 °C for 
holding times up to 10 h (except for the formation of a small fraction of ferrite at 750 °C in the 
LCLV steel).  
(2)  Experiments at 650 °C show that precipitation of vanadium carbides does take place after 
the onset of the austenite-to-ferrite phase transformation. This indicates that the austenite-to-
ferrite phase transformation initiates the vanadium carbide precipitation. Nucleation and 
growth are dominant during the first 20 min, while later precipitate growth with soft 
impingement (overlapping diffusion fields) and coarsening take place. The steel with two times 
higher vanadium and carbon concentrations (HCHV) exhibits about two times higher volume 
fraction and number density of the precipitates after 10 h of annealing. 
(3) After 10 h of annealing at 650 °C there is still some vanadium in solid solution in both 
steels and the precipitate volume fraction has not reached the maximum theoretical value 
corresponding to thermodynamic equilibrium. 
(4) Spherical (and slightly ellipsoidal) precipitates that are ordered in rows as a result of 
interphase precipitation as well as randomly distributed precipitates are observed by TEM and 
APT. The precipitate chemical composition evolution during annealing is strongly correlated 
to their size. The smaller vanadium carbide precipitates detected for shorter holding times are 
Fe-rich. The larger precipitates in the later stages of annealing are Fe-rich near the 
matrix/precipitate interface, but are composed of vanadium and carbon in a stoichiometric ratio 
of 1:1 in the core of the precipitate, with possibly a small amount of Fe, consistent with the 
ThermoCalc calculations. 
Overall, our findings provide quantitative information focused on the kinetics of the vanadium 
carbides in low-carbon steels, on its interaction with austenite-to-ferrite phase transformation 
and on the evolution of the precipitate chemical composition during annealing at 650 °C. The 
acquired quantitative results can be used as input parameters for modelling the precipitation 
kinetics in vanadium micro-alloyed steels, which may lead to improved steel design and 
performance for automotive applications. 
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Chapter 3 - Furnace for in-situ simultaneous studies of nano-precipitates and phase 
transformations in steels by SANS and neutron diffraction 
 
 
 

   
 
 
 
Abstract 
 
Interphase precipitation occurring during solid-state phase transformations in micro-alloyed 
steels is generally studied through Transmission Electron Microscopy (TEM), Atom Probe 
Tomography (APT), and ex-situ Small-angle Neutron Scattering (SANS) measurements. The 
advantage of SANS over the other two characterization techniques is that SANS allows for the 
quantitative determination of size distribution, volume fraction, and number density of a 
statistically significant number of precipitates within the resulting matrix at room temperature. 
However, ex-situ SANS measurements alone do not provide information regarding the possible 
correlation between precipitation and phase transformations, and therefore, SANS should be 
coupled to another technique that monitors the phase-transformation kinetics. Moreover, the 
background subtraction is challenging in the ex-situ SANS experiments as explained in this 
chapter. Based on the above, it is necessary to perform in-situ and simultaneous studies on 
precipitation and phase transformations in order to gain an in-depth understanding of the 
nucleation and growth of precipitates in relation to the evolution of austenite decomposition at 
high temperatures. A furnace is, thus, designed and developed for such in-situ studies in which 
SANS can be simultaneously performed to neutron diffraction measurements during high-
temperature thermal treatments. The furnace is capable of carrying out thermal treatments 
involving fast heating and cooling as well as high operation temperatures (up to 1200 °C) for 
a long period of time with accurate temperature control in a protective atmosphere and in a 
magnetic field of up to 1.5 T. The characteristics of this furnace open the possibility of 
developing new research studies for better insight of the relationship between phase 
transformations and precipitation kinetics in steels and also in other types of materials 
containing nano-scale microstructural features. 
 
 
 
 
 
 
Reproduced from: “A. Navarro-López, C. Ioannidou, E. M. van der Wal, Z. Arechabaleta, R. 
van den Oever, M. N. Verleg, R. M. Dalgliesh, J. Sykora, F. A. Akeroyd, N. Geerlofs, J. Sietsma, 
C. Pappas, A. A. van Well, S. E. Offerman, “Furnace for In-situ and Simultaneous Studies of 
Nano-Precipitates and Phase Transformations in Steels by SANS and Neutron Diffraction”, 
Review of Scientific Instruments 91 (2020), 123903.” 
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3.1. Introduction 
 
Precipitation in steels has been extensively studied over the years since the formation of 
precipitates within the steel microstructure often entails an enhancement of its mechanical 
behavior. The improvement of steel strength due to precipitation can occur via different 
mechanisms in which precipitates reduce the mobility of dislocations, inhibit grain growth, or 
even suppress recrystallization via the pinning of dislocations and grain boundaries [1],[2]. 
In micro-alloyed steels, the process of formation and growth of precipitates can typically take 
place in different phases: (I) precipitation in the fcc phase (austenite) [3], (II) precipitation in 
bcc phases (generally, ferrite or martensite) [4–6], and (III) precipitation during fcc-to-bcc 
transformation (mainly austenite-to-ferrite) [7–10]. The last one is commonly known as 
interphase precipitation. 
The complex processes of nucleation and growth of precipitates of different sizes and 
morphologies inherent to each type of precipitation make it necessary to use several advanced 
characterization techniques for a better understanding of the underlying precipitation 
mechanisms. Small-angle Neutron Scattering (SANS) is one of the most powerful 
characterization techniques extensively used to study the precipitation phenomenon in a wide 
range of steel compositions [3],[4],[6],[8–13]. This non-destructive technique provides 
statistically relevant and quantitative information concerning the size distribution, volume 
fraction, and number density of precipitates. The SANS measurements can be performed in-
situ at a specific temperature range where precipitation takes place or ex-situ at room 
temperature after the application of a thermal treatment. For ferromagnetic materials, a strong 
magnetic field may need to be applied in both types of SANS measurements to avoid any 
contribution from magnetic-domain scattering. 
Precipitation in austenite has been studied by in-situ SANS measurements at high temperature 
ranges where austenite is present in the steel microstructure [3], without the need for a strong 
magnetic field since austenite is in the paramagnetic state. On the other hand, precipitation in 
ferritic (or martensitic) steels is mainly studied by ex-situ SANS measurements after the 
application of annealing (or aging) treatments at intermediate temperatures [4],[6]. These 
measurements require a magnetic field able to magnetically saturate the sample, in order to 
avoid the magnetic-domain scattering from ferromagnetic phases, such as ferrite (or 
martensite). However, both in-situ and ex-situ SANS measurements present certain limitations: 
(1) the need for the combination of a furnace and an electromagnet to perform in-situ SANS 
measurements of precipitation in ferro-magnetic materials and (2) in the ex-situ measurements, 
the interference of the SANS-signal from precipitates with the SANS-signal from other 
microstructural features, such as the dislocations contained in a martensitic microstructure. 
Interphase precipitation during austenite-to-ferrite phase transformation is generally studied by 
ex-situ SANS performed at room temperature under an external magnetic field to prevent 
magnetic-domain scattering [8–10]. The progress of the nucleation and growth of precipitates 
during the austenite-to-ferrite phase transformation is, thus, studied from a series of partially 
transformed (and partially precipitated) microstructures after being annealed for several 
holding times followed by subsequent rapid cooling to room temperature. This implies the 
formation of a certain volume fraction of ferrite, depending on the holding time, as well as the 
formation of other phases, generally martensite, during the final cooling. The limitations of 
these ex-situ SANS measurements are (1) the overlapping of the SANS-signals from the 
precipitates and from other microstructural features, generally from the high density of 
dislocations formed in martensite, and (2) the difficulty in obtaining an accurate background 
from a reference microstructure free of precipitates and other microstructural features that 
contribute to the SANS-signal. 
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Due to the limitations of the ex-situ SANS measurements, precipitation occurring during 
austenite-to-ferrite phase transformation in steels may be studied more accurately by in-situ 
SANS during the application of thermal treatments at relatively high temperatures where both 
phenomena take place. This implies that the use of a furnace as well as an electromagnet is 
essential to perform such in-situ measurements and overcome the corresponding limitations. 
Furthermore, an additional simultaneous characterization technique shall be used, together with 
SANS, to track the progress of the phase transformation and relate it with the precipitation 
kinetics. Neutron Diffraction (ND) is the most appropriate characterization technique to be 
used for such studies since it is also a non-destructive technique capable of providing 
quantitative information regarding the evolution of volume fraction of phases during phase 
transformations. 
Several furnaces were developed with the objective of performing experimental measurements 
through SANS, high-energy X-ray diffraction (HE-XRD), or ND for the in-situ study of 
precipitation, phase transformations, and/or mechanical performance at high temperatures in 
different types of metals [14–22]. Most of these furnaces were able to operate at temperatures 
up to 1300 °C under a protective atmosphere by either vacuum or an inert gas. However, none 
of the referenced furnaces were designed for in-situ and simultaneous studies of both 
precipitation and phase-transformation kinetics by the use of two of the characterization 
techniques previously mentioned (SANS, HE-XRD, and ND). In the case of steels, the need 
for applying a magnetic field when studying precipitation in a ferro-magnetic material by using 
neutrons entails a limiting design criterion, since the furnace should fit between the poles of an 
electromagnet, which is not the case for the referenced furnaces. 
In a research study of the formation of precipitates and dislocations in a micro-alloyed steel, 
in-situ diffraction and small-angle scattering measurements were carried out in a multi-purpose 
furnace using X-rays [5],[23]. Although high-energy X-ray radiation is used in such studies, 
the contrast given by X-rays between the precipitates and the matrix may be insufficient for an 
accurate precipitation analysis in the case of similar electron densities between the matrix and 
the precipitate. An alternative solution to overcome this limitation is the use of neutrons since 
they are more suitable than X-rays for studying precipitation in cases where the electron density 
difference between the precipitate and the matrix is small. Neutrons can give a larger contrast 
than X-rays between the precipitates and the matrix, resulting in higher quality measurements, 
because the neutron scattering length densities may be significantly different between the 
precipitate and the matrix. In addition, the use of neutrons in in-situ measurements allows the 
monitoring of the evolution of the chemical composition of the precipitates together with the 
progress of the phase transformation through the analysis of the nuclear and magnetic 
contributions of the neutrons scattering signal [24]. 
The combination of SANS and ND for in-situ measurements during the application of thermal 
treatments is, thus, the most promising alternative for further in-depth research on interphase 
precipitation in micro-alloyed steels. Within Europe, the Larmor Instrument placed at ISIS 
STFC Rutherford Appleton Laboratory (UK) is the only facility in which both techniques can 
simultaneously be used for such studies. In the near future, the European Spallation Source 
(ESS) will also give the opportunity of carrying out this type of research studies with the 
combined use of both techniques [25]. With this aim, the development of a furnace suitable for 
the simultaneous study with neutrons of precipitation and phase-transformations in steels is 
needed and, in turn, is expected to contribute to a better insight of both phenomena. The furnace 
will also be suitable for the study of any material with nano-scale microstructural features in a 
magnetic or non-magnetic matrix. This research work describes the general design 
requirements as well as the main components of a furnace specially designed and developed to 
perform in-situ and simultaneous SANS and ND measurements. The design of the control 
system needed to use the furnace successfully is also described. Furthermore, a basic analysis 
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of the first in-situ SANS in combination to ND measurements during the application of thermal 
treatments with the designed furnace is presented in order to establish the performance of the 
furnace and highlight this new research possibility of studying the relationship between phase 
transformation and precipitation kinetics in-situ and simultaneously. 
 
3.2. Design Requirements 
 
The design requirements for a furnace to be developed for simultaneous studies of interphase 
precipitation and phase transformations in micro-alloyed steels are defined not only by the 
thermal treatments necessary in such studies, but also by the spatial and geometrical limitations 
imposed by the Larmor Instrument at ISIS STFC Rutherford Appleton Laboratory (UK), which 
is used for the SANS and ND measurements in combination with an electromagnet. Table 3.1 
shows a summary of the main requirements for the furnace design. 
 
Table 3.1. General requirements for the furnace design. 
Furnace Height - Maximum height of 44 mm, which is the maximum distance between 

the available electromagnet poles to reach magnetic saturation (1.5 T) of 
steel specimens at elevated temperature. 

Material of 
the furnace 

- Non-magnetic material. 
- Machine-able. 
- Minimum yield strength 100 MPa to resist the pressure difference 
between vacuum in furnace and ambient pressure. 

Windows - Vacuum tight. 
- Resist the pressure difference between vacuum in furnace and ambient 
pressure. 
- Non-magnetic material. 
- Neutron transparent. 
- Same thermal expansion coefficient with furnace material. 
- Size and position depends on beam size, and position of the SANS and 
ND detectors. 

Heat Shields - Non-magnetic material. 
- Resist a minimum temperature of 1200 °C. 
- High heat reflection coefficient (reflectance). 

Temperature 
Control 

- High temperature (up to 1200°C) to dissolve all carbides/carbonitrides.  
- Accurate control (± 1 °C). 
- Temperature gradient in the irradiated volume less than 0.3 °C/mm. 
- Heating rate (~10 °C/s), but not critical. 
- Necessary to reach cooling rates higher than 15 °C/s to avoid phase 
transformation and precipitation before annealing. 

Atmosphere Control
  

- Minimum vacuum of the order of 10-4 mbar (for avoiding oxidation 
and decarburization of steel specimens). 
- Gas for specimen cooling (He). 

Specimen - I-shaped (approx. gauge dimensions 10 mm x 14 mm x 1 mm). 
Specimen Holder - Allow sample thermal expansion without deformation. 
Specimen Change - Fast and easy. 
Specimen Rotation - Maximum rotation angle of 20 °. 

- Accurate and user-friendly control system. 
- According to the reduced room available in the set-up. 
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One of the main criteria for the furnace design is related to the spatial and geometrical 
requirements. The use of a steel specimen requires, for SANS data collection, that it is 
magnetically saturated during the application of thermal treatments to prevent small-angle 
scattering from magnetic domains and to separate the nuclear and magnetic small-angle 
scattering components. The magnetic field (1.5 T) needed to reach magnetic saturation is 
directly related to the gap between the 75 mm diameter pole shoes of a GMW-3473 dipole 
electromagnet [26]. This gap is limited to a maximum of 44 mm for the previously mentioned 
magnetic field. The electromagnet is placed in a vertical configuration with the furnace 
between its pole shoes, as shown in Fig. 3.1a. The longest dimension of the specimen should 
be parallel to the magnetic field since, in this case, the demagnetization factor is the smallest. 
 
 

 

 
Fig. 3.1. a) Initial design of the general experimental setup and b) schematic top view (not 
on scale) of the experimental setup with the position of main elements. The shown specimen 
orientation corresponds with the 0° position of the steel specimen with respect to the 
incoming neutron beam. 
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Another important design criterion is related to the thermal treatment with an accurate control 
of the time-temperature profile to obtain the desired final microstructure. The furnace should 
be able to heat the steel specimen at moderate rates (between 1 °C/s and 20 °C/s) up to a 
maximum temperature of 1200 °C, at which the specimen can be held for a certain time (up to 
15-20 min) to assure that all alloying elements are in solid solution. During cooling, the 
maximum rate should be rapid enough (up to 20 °C/s) to ensure the application of thermal 
treatments without any phase transformation during cooling. After the interrupted cooling, 
isothermal holdings in a wide range of temperatures should be possible to be applied for long 
periods of time (up to 10 h), maintaining the capability and feasibility of the furnace. 
Both criteria (the geometrical limitation due to the use of a magnet and the limitations due to 
thermal treatments) are the basis of the furnace design since the material used to build the 
furnace should be, on one hand, a machine-able non-magnetic material and, on the other hand, 
a material with high resistance to high temperatures and good thermal conductivity. Moreover, 
the furnace size should be kept small so that it fits in between the pole shoes of the 
electromagnet. 
Apart from these requirements, the windows of the furnace, i.e., the furnace areas interfering 
with the incoming and scattered neutron beams, should be as thin as possible to minimize the 
interaction with the neutron beams. In addition, the furnace windows have to be made of a 
material that is not significantly activated by the neutron beam and has minimum absorption 
of the neutron signal (<10%). For SANS measurements, the material of the furnace windows 
should give a small background signal compared to that given by the specimen. The 
background signal should also be constant to ensure that no microstructural changes occur in 
the window material during the application of thermal treatments. For ND measurements, the 
main requirement lies in preventing the overlap, insofar as possible, of the diffraction peaks 
corresponding to the windows’ material with the ones obtained from the specimen. 
Another important design criterion to be considered is related to the temperature distribution 
along the specimen, as high temperature gradients could cause local differences in phase 
transformation and precipitation starting at different specimen areas. The thermal gradient 
along the area probed by the incident neutron beam should be as small as possible to ensure 
that the temperature measured with a spot-welded thermocouple close to that area is the same 
as the temperature defined in the programmed thermal treatment. 
Reaching and maintaining a high temperature at the specimen require the introduction of heat 
shields within the furnace chamber, which are made of a non-magnetic, high-temperature 
resistant, and heat-reflective material. Moreover, the furnace should be able to hold the pressure 
difference between the ambient pressure and the vacuum level within the furnace chamber 
during the heating and holding stages as well as the expansive effect caused by the introduction 
of pressurized gas during cooling. An appropriate level of vacuum within the furnace chamber 
is necessary to prevent decarburization and oxidation of the steel specimen during the 
application of the thermal treatment, but also neutron scattering from air. The furnace design 
should also allow fast and easy insertion/extraction of the specimen as well as possible thermal 
expansion without deformation during the thermal treatment. 
Rotating the specimen around its vertical axis is the last main design criterion. Specimen 
rotation is needed in order to bring more grains in the diffraction condition when determining 
the mass fractions of ferrite and austenite. In this way, the effects of possible specimen texture 
induced by the pre-application of processes such as hot-rolling can be minimized. Ideally, the 
specimen should be rotated over 360° during the in-situ measurements to minimize texture 
effects in the resulting neutron diffraction patterns, although smaller rotations are also possible 
[27]. This would imply the use of a cylindrical specimen. However, flat specimens are better 
suited for SANS measurements and, in this geometry, the rotation of the specimen is limited 
because the illuminated volume by the incident neutron beam varies with rotation. This 
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limitation affects both the SANS and the ND measurements, becoming a challenge to the post-
processing of the generated experimental data. As a compromise, the specimen should be 
rotated over 20° during the application of the thermal treatment. The possibility of rotating 
solely the specimen holder inside the furnace is discarded due to the limited space of the furnace 
chamber. The rotation of the whole furnace is, thus, the only option, although rotation is limited 
by the electromagnet. To facilitate the rotating movement of the furnace that is placed between 
the pole shoes of the electromagnet, the furnace geometry should be cylindrical. A schematic 
top view of the experimental setup is depicted in Fig. 3.1b, showing the 0° position of the 
specimen (perpendicular to the incident neutron beam) and the position of the SANS and ND 
detectors. For SANS measurements, the extension of the furnace windows is defined by the 
angular range covered by the SANS detector, limited to ± 4°, and the rotation angle selected to 
reduce texture effects. For ND measurements, the specimen material determines the ND angle 
and, as a result, the position of the furnace windows. 
Calculations of the diffraction angles for ferritic and austenitic steel specimens indicated that, 
for a wavelength range of 0.10 - 0.35 nm, a 45°–80° angle range with respect to the incoming 
neutron beam is sufficient for detecting the first four diffraction peaks of each of the fcc and 
bcc phases. Thus, the size of the furnace windows is also defined by this angle range. 
 
3.3. Furnace design 
 
The final furnace design consists of the following components: the outer furnace (lids, central 
section and windows), a heating cell and several heat shields. Depending on the requirements 
to fulfill, distinct materials are chosen to make each component. The material selection made 
for each of these components is described below. Moreover, a brief description is included a) 
on how the temperature and the protective atmosphere are controlled during the application of 
thermal treatments as well as b) on the specimen rotation. 
 
3.3.1. Outer furnace (lids, central section and windows) 
 
The material used for the upper/bottom lids as well as the central section of the furnace is the 
Al–Mg–Si1 aluminum alloy. This material is chosen because it is paramagnetic, thus non-
(ferro)magnetic. It is easily machine-able, so that the central section including the windows can 
be made out of one piece with reasonable strength. The selected material also provides a 
reasonably good compromise between strength and stiffness, which is crucial to maintain all 
parts of the outer furnace non-altered in shape, supporting the pressure difference when vacuum 
is made within the furnace chamber. In addition, this material is characterized by good thermal 
conductivity, which limits the deformation of the outer furnace throughout the fast heat 
dissipation during the thermal treatments.  
The same aluminum Al–Mg–Si1 alloy is also selected for the furnace windows. The use of the 
same material eliminates the need for welding or clamping the windows to the central section. 
Although the selected material is transparent, to some extent, to neutrons, the windows are 
chosen to be 1 mm thick to minimize their interference with the incoming and scattered neutron 
beams without compromising the robustness of the entire furnace. Note that, for this alloy, 
precipitation hardening can occur due to aging at temperatures higher than 80 - 90 °C. The 
temperature of the furnace windows during the application of thermal treatments should, thus, 
be kept below this temperature in order to avoid the formation of precipitates in the aluminum 
windows, which could interfere with the SANS measurements. Last but not least, the 
diffraction peaks from these Al-windows do not interfere with the diffraction peaks of the steel 
for the experimental conditions used at Larmor Instrument. 
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3.3.2. Heating cell 
 
The heating cell is placed in the center of the furnace and consists of a titanium frame, four 
molybdenum heat shields, and four boron-nitride cylinders with their respective molybdenum–
lanthanum windings. The titanium frame does not interfere with the incident neutron beam. 
Two molybdenum heat shields are inserted at both sides in the titanium frame close to the 
specimen to reduce the heat loss as well as the thermal gradient along the specimen gauge. Two 
heating coils are placed at both specimen sides at the upper and bottom parts of the frame. A 
molybdenum–lanthanum wire of 0.5 mm diameter is selected for windings of the heating coil. 
This type of wire resists temperatures up to 2000 °C and exhibits better electrical behavior 
compared to other materials such as platinum, platinum-10%rhodium, or even molybdenum. 
The molybdenum–lanthanum wire is wound around a boron-nitride cylinder to give the coil 
good mechanical and thermal stability. Four heating coils are used to heat the specimen during 
the application of the thermal treatment. The titanium frame and the configuration of the 
heating system are shown in Figs. 3.2a and b. 
 

 
Fig. 3.2. a) Heating cell containing the four boron-nitride cylinders with heating coils without 
the direct shielding system, and b) heating cell with the two heat shields at both sides of the 
cell. The replacement of specimens is performed through the opposite side to the one in 
which all connections are placed. c) Concentric molybdenum heat shields placed within the 
furnace chamber surrounding the heating cell. There are openings to allow the neutron 
incident beam as well as the scattered and diffracted beams to pass through without 
interference. d) Steel specimen used in the in-situ experiments. 

 
 
3.3.3. Outer heat shields 
 
Several heat shields are concentrically placed between the heating cell and the furnace in order 
to reduce the heat loss and keep the temperature of the outer furnace as low as possible for 
safety reasons, and also to avoid possible precipitation in the Al windows. Molybdenum is 
selected as the optimum material for heat shields since it is easily machine-able, resists high 
temperatures, and is not activated by neutron irradiation. The use of molybdenum heat shields 
allows higher temperatures to be reached in the steel specimen during heating than those 
reached when no heat shields are used, using the same power. Considering the room available 
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between the heating cell and the outer furnace, seven heat shields of 0.15 mm thickness are 
placed within the furnace chamber. All heat shields have rectangular windows, as shown in 
Fig. 3.2c, at locations that coincide with the angular openings for the incoming and scattered 
neutron beams indicated in Section 3.2. 
 
3.3.4. Specimen 
 
I-shaped specimens with total dimensions of 32 mm height, 30 mm width, and 1 mm thickness 
are used for in-situ and simultaneous SANS-ND measurements (see Fig. 3.2d). The dimensions 
of the gauge area are 10 mm x 14 mm (height x width). This specimen shape minimizes the 
heat thermal gradient in the gauge area. The stability of the specimen inside the titanium frame 
of the heating cell is achieved by the use of horizontal reels in the upper and bottom parts of 
the frame. The specimen has four additional edges to maintain its horizontal position within 
the frame and reduce the thermal conduction to the surroundings. Figs. 3.3a-d show the 
different components of the furnace, such as the heating cell, the heat shielding system, the 
furnace chamber as well as a general overview of the final design of the multi-purpose furnace 
and the setup of all parts. As observed in Fig. 3.3a, the heating cell is fixed within the furnace 
chamber in a position at which the incident neutron beam is perpendicular to the steel specimen. 
Fig. 3.3b shows the final position of the concentrically disposed molybdenum heat shields as 
well as the central section of the furnace chamber. This section shows a gap in its center 
corresponding to the window of the incident neutron beam. Once the specimen is inserted in 
the heating cell, two replaceable molybdenum discs are placed at the top of the furnace chamber 
as additional heat shields (Fig. 3.3c). Fig. 3.3d shows the final assembling of all parts of the 
furnace as well as a water cooling system consisted of two tubes wrapped around the upper and 
bottom part of the central section in order to cool down the furnace during the application of 
thermal treatments. 
 

 
Fig. 3.3. Final design and set-up of the heating cell, shielding system, and other additional 
parts of the furnace with 200 mm diameter and 44 mm height. a) Placement and fixation 
system of the heating cell, b) heating cell and shielding system within the furnace chamber, 
c) additional molybdenum shielding on top of the heating cell and d) placement of the furnace 
lid with rotation system. 
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3.3.5. Temperature control 
 
The specimen temperature at any time during the application of the thermal treatment is 
measured by two K-type thermocouples made of chromel–alumel wires of 0.5 mm each. Both 
thermocouples are spot-welded to the specimen. The main thermocouple, which is used for the 
temperature control, is placed at the side of the center of the specimen gauge. The second 
thermocouple, which gives insight of the possible temperature gradient, is placed in the center 
at the edge of the specimen gauge. Both thermocouple wires are isolated by an initial alumina 
tube followed by a fiberglass cover. After having determined a thermal gradient of ΔT ≤ 0.3 
°C/mm along the specimen gauge, one thermocouple is only used for the temperature control, 
as shown in Fig. 3.2d, simplifying the experimental setup. 
 
3.3.6. Atmospheric control 
 
An inert atmosphere is created during the heating and holding stages of the thermal treatment 
by creating a vacuum inside the furnace chamber using a rotary pump. The airtight sealing is 
achieved by placing a rubber O-ring between the central section and the upper/bottom parts of 
the furnace (see Fig. 3.3a), which allows us to reach a vacuum level of the order of 10−4 mbar 
within the furnace chamber. The air within the chamber is extracted before the beginning of 
each in-situ measurement, in order to avoid the oxidation and decarburization of the specimen 
at high temperatures and to minimize the heat transfer between the heating elements and the 
furnace frame (so that undesired warming up is prevented). During cooling, an inert atmosphere 
is created by flushing helium through a gas system controlled by a mass-flow controller. 
 
3.3.7. Specimen rotation 
 
The optimum range of the specimen rotation angle is established between 0° and +20° (counter-
clockwise direction), taking into consideration all the limitations derived from the use of an 
electromagnet and the specimen geometry. The asymmetric rotation of the furnace during in-
situ measurements reduces the possible attenuation of the diffracted neutron beam from the 
specimen with a flat geometry (needed for SANS), since the neutron diffraction detector is 
positioned laterally with respect to the direction of the incident neutron beam. The 0° position 
corresponds with that in which the specimen gauge area is perpendicular to the incident neutron 
beam, as depicted in Fig. 3.1b. The rotation is performed by a stepper motor (0.025°/step) 
connected with an arm to the furnace. Fig. 3.3d shows this connection system where the arm 
of the rotation system is attached to one side of the upper lid of the furnace. The rotating 
movement consists of a forward–backward rotation over the specimen longitudinal axis within 
the selected rotation angle range. 
Although this rotation range does not allow the measurement of the full texture of the specimen, 
the volume fraction of fcc and bcc phases can still be determined from the diffraction peaks if 
it is experimentally proved that there is no change in texture during phase transformations. 
 
3.4. Control system design 
 
The design characteristics of the furnace as well as the several requirements (heating, cooling, 
and rotation) needed to successfully achieve the desired results are considered in order to 
develop the final experimental setup for the performance of in-situ SANS and ND 
measurements. In brief, the equipment included in the experimental setup is the following: 
• Furnace (with all components described above). 
• Temperature controller (Eurotherm 3504). 
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• Power supply (to provide power to the heating coils). 
• Rotary pump (to make vacuum). 
• Mass-flow controller (to cool down samples by helium gas). 
• Stepper motor (including the rotation system). 
• Local laptop (to control the entire setup). 
• CompactRIO (interface with ISIS control systems [28], data acquisition and motor control). 
 
 

 
Fig. 3.4. Schematic illustration of the general control system set-up and the connection 
diagram between all equipment needed to successfully perform the in-situ SANS-ND 
measurements as well as the connection between this equipment and the ISIS control system. 

 
 
All equipment needs to be interconnected and also connected with the instrument control 
system of the ISIS Neutron Research Center in order to correctly perform the desired thermal 
treatments and exchange the resulting data. The general data acquisition and control system 
setup including all the connections is shown in Fig. 3.4. The components of the local control 
system are highlighted in blue color. A network time protocol (NTP) is used to ensure that the 
time reference of both systems is the same. This is crucial since the experimental data 
forwarded to the ISIS system are time-stamped. The start of each in-situ SANS–ND 
measurement is defined by a hardware trigger signal, which is generated by the Larmor 
instrument control system. On the other hand, the start of the programmed thermal treatment, 
asynchronous to the Larmor instrument, is initiated by a manual action via the user interface 
of the local control system. 
The Eurotherm controller is programmed with a predefined thermal profile that can be 
parameterized by the user. The control topology in the Eurotherm is implemented as a cascade 
proportional-integral-derivative (PID) control topology and is fine tuned to the system 
characteristics of the used peripheral system components. According to the programmed 
thermal treatment, the Eurotherm component controls the power supplied to the molybdenum–
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lanthanum windings for heating the specimen and the flow of helium gas necessary to flush 
into the furnace chamber for cooling the specimen. The maximum power given by the power 
supply is limited to 400 W (40 V–10 A). The pressure inside the furnace chamber is controlled 
by a pressure sensor and a valve. 
Furthermore, the Eurotherm controller receives as input signals the temperatures measured by 
three thermocouples placed in the specimen gauge center (TC1), at the edge of the specimen 
gauge (TC2), and at the upper lid of the furnace (TC3). All signals are also sent to the 
CompactRIO (cRIO) controller, which acts as the primary data interface to the in-place ISIS 
control system. For safety reasons, the CompactRIO controller switches off the power supply 
as soon as the temperature of the upper lid of the furnace, measured by the K-type thermocouple 
(TC3), exceeds the temperature of 100 °C. 
 
3.5. In-situ simultaneous SANS and ND experiments 
 
The first in-situ SANS in combination with ND measurements during thermal treatments with 
the described furnace are carried out in the Larmor instrument at ISIS Neutron and Muon 
Source, at Rutherford Appleton Laboratory (UK). The final experimental setup is shown in 
Fig. 3.5. The size of the incident neutron beam is 8 × 8 mm2 allowing the measurement of a 
significant specimen volume and obtain good statistics in the resulting measurements. The 
specimen rotation is continuous during the application of the thermal treatments with a 
maximum rotation angle range of +18° (counter-clockwise direction). 
 

 
Fig. 3.5. Experimental set-up installed in the Larmor instrument. 

 
 
3.5.1. Thermal treatments 
 
Isothermal holding measurements at high temperatures are successfully applied in micro-
alloyed steel specimens with distinct chemical compositions. Fig. 3.6a shows an example of a 
thermal treatment applied by means of the developed furnace on a steel specimen with 
composition 0.071C–1.84Mn–0.29V (wt. %). This thermal treatment consists of continuous 
heating until full austenitization at a temperature (in this case, 1050 °C) at which all precipitates 
are completely dissolved. After austenitization for several minutes, a rapid cooling process is 
applied by using helium gas for a short time followed by isothermal holding at 650 °C in 
vacuum (of the order of 10−4 mbar) for a certain period of time.  
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Fig. 3.6. Example of thermal treatment performed with the developed furnace during in-situ 
and simultaneous SANS-ND measurements. A comparison between the programmed 
thermal profile and the specimen temperature recorded by a thermocouple is shown. 

 
 
The response of the furnace is smooth in all stages of the programmed thermal profile due to 
previous optimization of the PID values of the furnace control system. Only a small delay, td, 
is detected during the cooling stage, as observed in the enlarged image presented in Fig. 3.6b. 
No large undercooling is detected during rapid cooling from the austenitization to the 
isothermal temperature, aiming to avoid possible formation of precipitates before the 
isothermal holding. 
 
3.5.2. Neutron diffraction 
 
Fig. 3.7 shows a comparison between the diffraction patterns of the empty furnace and the steel 
specimen after the background is subtracted, at a random time during isothermal holding at 650 
°C. Both diffraction patterns are obtained through a neutron diffraction detector especially 
developed for these measurements. The diffraction pattern obtained from the empty furnace is 
recorded at room temperature. This pattern is considered to be the background signal and is 
subtracted from the diffraction signals obtained from the steel specimen. As observed in Fig. 
3.7, several α-ferrite and γ-austenite diffraction peaks are observed during the austenite-to-
ferrite phase transformation occurring in the steel specimen. After background subtraction, the 
evolution of the volume fractions of both phases as a function of holding time is calculated 
from the integrated intensity of these diffraction peaks. In this case, the intensity ratio between 
diffraction peaks of each phase remains constant as a function of time, indicating that the 
texture of the material remains unaltered during phase transformations. Fig. 3.8 shows the 
evolution of the {110}, {200}, and {211} α-ferrite diffraction peaks and the {111}, {200}, and 
{220} γ-austenite diffraction peaks obtained from a series of neutron diffraction measurements 
during the application of one-hour isothermal holding at 650 °C on the micro-alloyed steel 
specimen. The evolution of these diffraction peaks with time reveals the isothermal 
transformation of austenite into ferrite during holding. The austenite-to-ferrite transformation 
kinetics can be quantitatively analyzed from this series of neutron diffraction patterns. 
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Fig. 3.7. Comparison between diffraction signals of the empty furnace and the steel specimen 
(after background subtraction) from a neutron diffraction measurement at a random time 
during isothermal holding at 650 °C. 

 
 
 

 

 
 
 
 
 
 
 
 
 
Fig. 3.8. Tine evolution of the diffraction 
peaks of α-ferrite and γ-austenite during 
1 h of isothermal holding of a steel 
specimen, obtained from neutron 
diffraction measurements. 

 
 
 
 
3.5.3. Small-angle neutron scattering 
 
An example of a SANS pattern measured at a random time during the one-hour isothermal 
holding performed at 650 °C on a micro-alloyed steel specimen is shown in Fig. 3.9. The 
pattern includes the nuclear and magnetic contributions of the steel specimen. Sectors of 30° 
parallel and perpendicular to the applied magnetic field, B, are used to separate the nuclear and 
magnetic contributions to the scattering. From these intensities, the precipitation kinetics, 
i.e., nucleation, growth, coarsening, and chemical composition of precipitates, is quantified 
following the procedure described in Ref. [10]. 
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Fig. 3.9. Data obtained from a SANS 
measurement at a random time during 
isothermal holding. The SANS pattern 
includes the nuclear and magnetic 
contributions of the steel sample. 

 
 
Fig. 3.10a shows an example of the in-situ nuclear SANS intensity as a function of wave-vector 
transfer Q measured at specific times during the isothermal holding of the micro-alloyed steel 
specimen at 650 °C. As a comparison, Fig. 3.10b shows the corresponding ex-situ nuclear 
SANS intensities measured at room temperature after the application of different holding times 
in the same type of steel specimens [10]. The intensity curves plotted in both figures are the 
result of the scattering originated only from the steel. In the case of the in-situ measurements, 
the SANS intensity is corrected using the high-temperature SANS signal. The intensity curves 
of the in-situ and ex-situ SANS are measured at the same temperature–time conditions. For 
short measuring times (5 min–10 min curve), larger error bars are observed in the in-situ SANS 
indicating a limitation to obtain good statistics for short isothermal treatments. This limitation 
can be avoided in the ex-situ measurements where a measuring time of 35 min is used to obtain 
good statistics. 
On the other hand, the background subtraction is less challenging in the in-situ measurements 
than in the ex-situ ones. For the in-situ SANS measurements, the background is considered as 
an intensity curve that includes no precipitate signal. This curve corresponds to the scattering 
signal of the fully austenitic microstructure obtained at high temperature, where precipitates 
are totally dissolved. This intensity curve is used as a reference and subtracted from the 
intensity curves obtained at distinct times during the isothermal holding in order to obtain the 
pure precipitate signal. For the ex-situ SANS measurements, it is not possible to obtain a 
microstructure without dislocations to be used as a background reference. In this case, the 
intensity curve of the steel specimen directly quenched from the austenitization temperature to 
room temperature, whose microstructure consists of martensite with a high density of 
dislocations, should be considered as a (non-ideal) background signal. However, as shown in 
Fig. 3.10b, this curve exhibits a higher intensity in the low-Q range than those curves obtained 
even after 10 h of holding time when the phase transformations and precipitation have already 
occurred. The different background signal obtained in in-situ and ex-situ SANS measurements 
is a consequence of the different microstructure obtained in both steel specimens. Fig. 3.10c 
shows a comparison of both background signals. The intensity difference (ΔI) at a lower-Q 
range between both specimens is related to the contribution to the SANS signal of the high 
dislocation density and iron carbides contained in the fully martensitic microstructure of the 
as-quenched specimen. Consequently, isolating the precipitate signal during the isothermal 
holding has proved to be more challenging in the case of ex-situ SANS since a more 
complicated procedure (including calculations of the background for different Q ranges) has to 
be followed. The discussion strongly supports performing in-situ SANS experiments to study 
quantitatively the precipitation phenomenon and its kinetics in steels with higher accuracy. 
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Fig. 3.10. Nuclear SANS intensity obtained 
from a) in-situ and b) ex-situ measurements 
during or after the application of isothermal 
holding at 650 °C in a micro-alloyed steel. c) 
Comparison of background signals from in-
situ and ex-situ SANS measurements. 

 
 
 
3.6. Conclusions 
 
A furnace is designed and developed to perform in-situ and simultaneous small-angle neutron 
scattering and neutron diffraction measurements in micro-alloyed steels containing nano-
precipitates. The furnace fulfills all the requirements needed to successfully carry out thermal 
treatments involving fast heating and cooling as well as high operation temperatures (up to 
1200 °C), for a long period of time with an accurate control of the specimen temperature in a 
protective atmosphere and in a magnetic field. The development of this furnace allows the in-
situ study of interphase precipitation in steels by relating the nucleation, growth, and coarsening 
of precipitates to the kinetics of phase transformations occurring during the application of 
thermal treatments. This achievement not only opens new ways of research of the precipitation 
phenomenon in steels but may also stimulate developments of other furnaces for advanced 
research studies. 
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Chapter 4 - Evolution of the precipitate composition during annealing of vanadium 
micro-alloyed steels by in-situ SANS 
 
 
 
 

 
 
 
 
 
Abstract 
 
In-situ Small-angle Neutron Scattering (SANS) is used to determine the time evolution of the 
chemical composition of precipitates at 650 °C and 700 °C in three micro-alloyed steels with 
different vanadium (V) and carbon (C) concentrations. Precipitates with a distribution of sub-
stoichiometric carbon-to-metal ratios are measured in all steels. The precipitates are initially 
metastable with a high iron (Fe) content, which is gradually being substituted by vanadium 
during isothermal annealing. Eventually a plateau in the composition of the precipitate phase 
is reached. Faster changes in the precipitate chemical composition are observed at 700 °C in 
all steels. At both temperatures, the addition of more vanadium and more carbon to the steel 
has an accelerating effect on the evolution of the precipitate composition. Addition of 
vanadium to the nominal composition of the steel leads to more vanadium rich precipitates 
with less iron. Atom Probe Tomography (APT) shows the presence of precipitates with a 
distribution of carbon-to-metal ratios, ranging from 0.75 to 1, after 10 h of annealing at 650 °C 
or 700 °C in all steels. These experimental results are coupled to ThermoCalc equilibrium 
calculations and literature findings to support the Small-Angle Neutron Scattering results. 
 
 
 
 
 
 
 
Reproduced from: “C. Ioannidou, A. Navarro-López, A. Rijkenberg,R. M. Dalgliesh, S. 
Koelling, C. Pappas, J. Sietsma, A. A. van Well, S. E. Offerman, “Evolution of the precipitate 
composition during annealing of vanadium micro-alloyed steels by in-situ SANS”, Acta 
Materialia 201 (2020) 217–230.” 
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4.1. Introduction 
 
High-performance steels with high strength, ductility and stretch flange-ability are required 
nowadays in lightweight automotive parts for low fuel consumption, reduced CO2 emission 
and little use of raw materials [1]. Nano-steels have attracted both industrial and technological 
interest due to their high potential to meet these demands [2-8]. Their outstanding mechanical 
properties arise from the combination of a ferritic matrix with nano-sized precipitates. The 
ferritic phase offers high ductility while a substantial degree of strengthening originates from 
the presence of precipitates. Vanadium carbide precipitates are well known for precipitation 
strengthening [5],[9], therefore, much research has been conducted on their effect on the 
mechanical properties of steels with various compositions that are processed under different 
conditions [9-13]. 
The chemical composition of the precipitates is a key factor for the precipitation strengthening 
since it drives the precipitation kinetics through the chemical driving force and the precipitate-
matrix lattice misfit which control the precipitates nucleation and growth [14-16], eventually 
affecting the precipitate size distribution and the resulting mechanical properties. A high iron 
concentration in the vanadium carbides at the early stage of precipitation can reduce the lattice 
misfit and the strain energy between the precipitate and the matrix and, therefore, reduce the 
activation energy for the nucleation of the precipitate [15],[16]. In turn, this leads to a high 
number density of precipitates, which is beneficial for the strength of the steel. In addition, the 
fraction of vanadium and the carbon-to-vanadium ratio in the precipitates can be important for 
the strengthening since it can affect the shear modulus of the precipitates [17-19] and 
eventually the modulus hardening which is caused by a modulus difference between the 
precipitates and the matrix (even though it is weak compared with other mechanisms of 
precipitation strengthening) [20]. It is reported in the literature that vanadium carbides with 
different carbon-to-metal atomic ratio show different mechanical properties such as Young’s 
modulus, shear modulus and hardness [17-19], because of the different atomic configuration 
in the precipitates [17]. The abovementioned material properties are promoted for precipitates 
with a composition closer to stoichiometry [17]. The binding energy between the vanadium 
and carbon atoms in nano-sized precipitates can be influenced by the ferrite matrix. The 
presence of vacancies in the precipitates can reduce their interfacial energy and increase their 
stability [14]. Knowledge on the chemical composition evolution of the precipitates during 
processing can contribute to an improved commercial steel design, optimized manufacturing 
and optimum use of critical raw materials.  
The vanadium carbide precipitates have a Baker Nutting orientation relationship with the ferrite 
matrix [5] and they form in different shapes (spherical, disk-like, ellipsoidal, rod-like, needle-
like or cuboid) with their shape and composition being dependent on steel composition and 
thermo-mechanical treatment conditions. Based on literature data, the vanadium carbides in 
low-carbon steels have a NaCl-type crystal structure with chemical formula: VC [21], V4C3 
[5],[21], VC0.9 [13], VC0.81 [22] or VC0.75-0.92 [23]. In medium-carbon vanadium micro-alloyed 
steels the precipitates can be either NaCl-type of composition VC0.72-0.9, depending on the 
processing temperature [24], V6C5 monoclinic or hexagonal [25] or V4C3 trigonal [25]. 
Earlier studies on the chemical composition of precipitates by means of Atom Probe 
Tomography (APT) in vanadium micro-alloyed steels [26] but also in titanium micro-alloyed 
steels [27],[28] and in nickel-aluminium-molybdenum steels confirm the presence of iron in 
the precipitates [29]. APT measurements show gradual changes in the precipitate chemical 
composition during isothermal annealing at 650 °C [26], while the precipitate chemical 
composition evolution is strongly correlated to the precipitate size [26],[34]. In Ref. [26], the 
smaller vanadium carbides are found to be iron-rich and the larger precipitates in the later 
stages of annealing are rich in iron only near the matrix/precipitate interface. Possibly a small 
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fraction of iron is present in the core of the larger precipitates but they mainly consist of 
vanadium and carbon. Similar findings are presented in Ref. [27] and in Ref. [29], where it is 
stated that the iron content decreases across the particle interface from the surface to the core 
but still a considerable fraction of iron is measured in the precipitate core.  
Transmission Electron Microscopy (TEM) and other TEM-based and spectroscopy techniques 
are often being used for precipitate characterisation [4],[10-13],[21-22],[24-42]. These 
techniques are performed at room temperature, in a limited number of treated samples sampling 
a small area. Consequently, the sample preparation and treatment is time-consuming when 
aiming for results with good statistics. If the precipitate composition evolution needs to be 
measured, the characterisation procedure requires time and preparation [30]. In addition, 
quantitative analysis of the precipitates’ chemical composition is challenging in the case of 
APT measurements because of the technique’s limitations. By APT, the stoichiometry of the 
precipitates cannot be accurately quantified due to the directional walk effect that lowers the 
accuracy in the measured carbon concentration [43]. Moreover, the local magnification effect, 
caused by the field evaporation potential being different between the iron matrix and the 
precipitates, deteriorates the spatial resolution in the vicinity of small clusters and makes it 
difficult to quantify the iron content in the precipitates [28],[39]. 
Small-angle Neutron Scattering is a non-destructive technique for quantitative and statistically 
relevant precipitate characterization in steels [26],[27],[44-48]. By the separation of the nuclear 
and magnetic precipitate scattering contributions, it is possible to obtain information on the 
magnetic and chemical properties of the precipitates [48]. Earlier studies on the precipitation 
kinetics of vanadium carbides on interphase boundaries by ex-situ SANS [13],[26] have been 
performed in low-carbon steels at room temperature. In these ex-situ SANS experiments, the 
microstructure is transforming from austenite to ferrite and the vanadium carbide precipitation 
takes place simultaneous to the phase transformation. Subsequent quenching of the steel to 
room temperature results in a complex microstructure of ferrite, vanadium carbides, martensite, 
iron carbides and dislocations. In such ex-situ SANS measurements, it is challenging to 
accurately separate the precipitate signal from the interfering signal from the dislocations of 
the martensite.  
The major advantages of performing in-situ SANS measurements which we demonstrate in 
this work, are: 1) the SANS signal of the precipitates is free from interference from the 
dislocations of the martensite and 2) an optimum background of the matrix without the 
presence of precipitates can be measured at temperatures where all precipitates are dissolved 
in the matrix. In this way, the precipitate signal can be isolated and the precipitate chemical 
composition can be determined. In addition, in the in-situ experiments the real-time evolution 
of the precipitate chemical composition can be measured. However, the SANS technique, either 
ex-situ or in-situ, does not provide direct information on the precipitate crystal structure, 
therefore, complementary techniques such as TEM or literature data are necessary to support 
the SANS measurements.  
In this work, we study quantitatively and in real-time the chemical composition evolution of 
precipitates in low-carbon vanadium micro-alloyed steels using in-situ SANS. The results are 
supported by APT, literature data as well as ThermoCalc equilibrium calculations. The effects 
of the processing temperature and different vanadium and carbon concentrations of each steel 
composition on the precipitate chemical composition evolution are investigated. The chemical 
composition evolution of the precipitates is determined irrespective of the precipitate shape 
and size distribution. The time evolution of the fraction of iron in the vanadium carbide lattice, 
for which limited experimental investigation has been reported so far, is derived from the in-
situ SANS, together with the stoichiometry of the precipitates. 
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4.2. Experimental 
 
The precipitate chemical composition evolution is studied in three vanadium micro-alloyed 
steels. The steels were provided by Tata Steel in Europe as hot-rolled plates. The chemical 
composition of the alloys is given in wt.% and at.% in Table 4.1. The steels differ in vanadium 
and carbon content. The first two steels have the same carbon but different vanadium contents 
and are referred to hereafter as LCLV (low carbon - low vanadium alloy) and LCHV (low 
carbon - high vanadium alloy). The third steel has a double amount of vanadium and carbon 
compared to the LCLV steel and is called HCHV (high carbon - high vanadium alloy). The 
atomic ratio of vanadium to carbon is 1 in the LCLV and HCHV steels. All steels have the 
same manganese concentration and the amount of the other elements is as low as possible. The 
LCLV and HCHV steels will provide information on the vanadium and carbon effects when 
the atomic ratio of these elements is 1, whereas the LCHV steel will clarify how the excess of 
solute vanadium atoms influences the kinetics of the evolution of the precipitate chemical 
composition. 
 

Table 4.1 Chemical composition of the steels in weight percent (wt.%) and atomic percent 
(at.%) with balance Fe. 
Steel  C Mn V Si P Cr Al 

LCLV wt.% 0.071 1.84 0.29 0.010 0.0010 0.010 0.004 
at.% 0.330 1.86 0.32 0.026 0.0018 0.011 0.008 

LCHV wt.% 0.075 1.83 0.57 0.014 0.0010 0.006 0.006 
at.% 0.350 1.85 0.62 0.028 0.0018 0.011 0.012 

HCHV wt.% 0.140 1.83 0.57 0.013 0.0010 0.007 0.008 
at.% 0.620 1.85 0.62 0.026 0.0018 0.007 0.002 

 
 
I-shaped specimens of 1mm thickness were machined from the centre of the hot-rolled plates 
as in Ref. [26]. The specimen shape and size was designed to fit in a furnace [50], which was 
used for heat-treating the specimens during the in-situ SANS measurements. The furnace was 
custom made at Delft University of Technology, and specially designed to fit to the sample 
area of the Larmor Instrument at the ISIS Neutron and Muon Source (at the STFC Rutherford 
Appleton Laboratory, UK), in order to perform in-situ SANS measurements. A detailed 
description of the instrumentation is provided in Ref. [50] (and in Chapter 3). 
The thermal cycle followed during the in-situ SANS measurements is schematically illustrated 
in Fig. 4.1. The specimens are heated up with a rate of 5 °C/s to a temperature of 1050 °C (for 
LCLV specimens) or 1100 °C (for LCHV and HCHV specimens) and are held there for 15 
min. These temperatures are chosen to be ~50 °C higher than the respective precipitate 
dissolution temperatures calculated by ThermoCalc. At these soaking temperatures all 
elements are therefore in solid solution and the specimens are fully austenitic. Subsequently, 
the specimens are cooled to 650 °C or 700 °C with a rate of 15oC/s where austenite-to-ferrite 
phase transformation and precipitation are taking place during a 10-hour isothermal annealing 
treatment. Finally, the samples are cooled to room temperature.  
The furnace is placed between the pole shoes of a 3473-70 GMW electromagnet, which is used 
to generate a vertical magnetic field of 1.5T perpendicular to the neutron beam. This magnetic 
field is strong enough to saturate the magnetization of the specimens. In this way we eliminate 
the scattering of domains and we can separate the nuclear contribution to the SANS pattern 
from the magnetic contribution. 
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Fig. 4.1. Schematic illustration of 
the thermal cycles conducted in 
the furnace [50] during the in-situ 
SANS measurements. 

 
The size of the incident neutron beam is 8 x 8 mm2, the wavelength range for SANS is 0.42-
1.33 nm and the SANS detector is a 600 x 600 mm2 3He tube array with an 8 x 8 mm2 pixel 
size, located 4.3 m from the sample. The reduction of SANS raw data is done using the Mantid 
software [51]. 
The specimens for APT are heat-treated in a dilatometer prior to the APT investigations.  The 
dilatometry specimens are rectangular with dimensions 14 x 10 x 1 mm3. The equipment used 
is a DIL-805 A/D dilatometer with inductive heating under a low pressure of 10-4 mbar and 
cooling is achieved by helium gas. An S-type thermocouple is spot-welded in the centre of the 
specimen to control the temperature and monitor the thermal cycle. The same heat-treatments 
as the ones conducted with the use of the SANS furnace (Fig. 4.1) are applied, i.e., holding at 
1050 °C or 1100 °C for 15min followed by a 10 h isothermal annealing at 650 ºC or 700ºC and 
finally quenching to room temperature.  
APT measurements are performed on samples taken from the dilatometry pre-treated 
specimens. More than 8 tips from each condition are tested aiming for good statistics and 
representative results. The specimens are prepared by the lift-out method using Focussed Ion 
Beam milling (FIB) [52]. A LEAP 4000X-HR system from CAMECA Instruments is used for 
the measurements. The preparation procedure of the APT tips is described in detail in Refs. 
[26],[53]. The APT data reconstruction is performed using the IVAS 3.8.0 software from 
CAMECA Instruments, in which elemental ions are identified based on their isotope 
distribution in a time of flight mass spectrum and then the atomic arrangement of the analysed 
volume is reconstructed following the standard protocol [53-55]. 
 
 
4.3. Method for calculating the precipitate chemical composition evolution from the in-
situ Small-Angle Neutron Scattering data 
 
The magnetic scattering of neutrons originates only from the magnetization components that 
are perpendicular to the scattering vector Q. In our experiment we use this selection rule to 
separate the magnetic from the nuclear neutron scattering. We apply in the detector plane, along 
the vertical direction (see Graphical Abstract and Fig. B1 in Appendix B), a magnetic field B 
strong enough to accomplish magnetic saturation of the sample. The magnetic scattering for Q 
// B is zero whereas it is maximum for Q ⊥ B. The macroscopic differential scattering cross-
section, (dΣ/dΩ)(Q), which is the background-corrected and calibrated SANS intensity [56],  
can be written as [46]: 
 

( ) ( ) ( ) 2

NUC MAG

d d d sin
d d d
Σ Σ ΣQ Q
Ω Ω Ω

α     = + ⋅     
     

Q                   (4.1) 
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where (dΣ/dΩ)NUC(Q) and (dΣ/dΩ)MAG(Q) stand for the nuclear and the magnetic scattering 
cross-sections respectively, Q is the magnitude of Q, and α is the angle between Q and B. 
(dΣ/dΩ)NUC(Q) and (dΣ/dΩ)NUC(Q)+(dΣ/dΩ)MAG(Q) are determined from the intensity 
integrated over sectors of 30° parallel and perpendicular to B, respectively. In our case 
(dΣ/dΩ)NUC(Q) is obtained from the vertical sectors and (dΣ/dΩ)NUC(Q)+(dΣ/dΩ)MAG(Q) from 
the horizontal ones. (dΣ/dΩ)MAG(Q) is then calculated as the difference between the above 
terms.  
For a dilute system of precipitates within a homogeneous matrix, (dΣ/dΩ)i(Q) is [56]: 
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d , d
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  ∫ ,                (4.2) 

 
where i can be either the nuclear or the magnetic term. R and V are the precipitate spatial 
coordinate in three dimensions and the precipitate volume, respectively. DN(R) is the log-
normal size distribution of the precipitates and P(Q,R) is the form factor reflecting the 
precipitate shape[56,57]. Δρi is the difference in scattering length density (scattering contrast) 
between the matrix and the precipitates, nuclear or magnetic. When the steel has reached 
magnetic saturation, the ratio of the nuclear to the magnetic SANS component is proportional 
to the squared ratio of the nuclear to magnetic scattering contrast: 
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This ratio is related to the composition of the microstructural features present in the sample. In 
the case of precipitates in a steel matrix and only if the magnetic saturation is reached, so that 
the integral in Eq. (4.2) has the same Q-dependence for nuclear and for the magnetic scattering 
(same nuclear and magnetic distribution), the ratio is determined by the chemical composition 
of the precipitates and the presence of different types of precipitates [48]. It has been reported 
that the vanadium carbide precipitate composition is size dependent [21],[26] and, 
consequently, the ratio is influenced by changes in the precipitate size distribution. APT 
measurements performed earlier [26-29] show the presence of iron in the precipitates, being 
more pronounced in the smaller precipitates. In addition, vanadium carbides with a sub-
stoichiometric ratio of carbon to vanadium have been reported in the literature [5],[13],[21-24]. 
By in-situ SANS and using Eq. (4.3), we are able to quantify the evolution of the iron content 
and the stoichiometry of the precipitates during annealing. 
It is important to note here that since the ratio is sensitive to all microstructural features, it is 
critical that the experimentally determined values of both the nuclear and magnetic scattering 
are free from any contributions other than from the vanadium carbide precipitates (same Q-
dependence of nuclear and magnetic scattering of the integral, Eq. (4.2)). Thus, for a 
quantitative analysis of the chemical composition of precipitates by SANS, it is important to 
fulfil the two following experimental conditions. First, measure at temperatures high enough 
to avoid the formation of cementite, of pearlite and in particular of martensite because in that 
case the SANS signal from the dislocations would interfere with the signal from the 
precipitates. Second, determine the SANS signal originating from the matrix without any 
precipitates. Both conditions have been fulfilled by our in-situ SANS measurements, as we 
measured at the isothermal holding temperatures of 650/700 °C and obtained the matrix 
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background at the soaking temperatures of 1050/1100 °C, where all elements are in solid 
solution. 
The scattering events at the Larmor instrument at ISIS can be recorded using event-mode data 
acquisition, where each neutron detection event has its own time stamp. This feature is very 
convenient for kinetics measurements, because it allows to re-bin the data over time slices that 
can be chosen after the measurement. Larger time slices provide good measuring statistics, 
however, shorter time slices allow the following of the kinetics with a higher temporal 
resolution. As the first hour of annealing is more critical for the kinetics, consecutive 5 minute 
time slices are chosen during the first hour at the isothermal holding temperature, while 
consecutive 30 minute time slices are chosen for annealing times longer than 1 h.  
As a first step for determining the precipitate chemical composition evolution by in-situ SANS, 
the experimental (dΣ/dΩ)NUC(Q)/(dΣ/dΩ)MAG(Q) ratio is calculated for all Q values in each 
time slice during the isothermal annealing at 650 °C and at 700 °C of the three alloy steels of 
interest. Due to the aforementioned advantages that the in-situ SANS measurements allow for, 
no considerable Q dependence of the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio is observed in each 
individual time slice (see Fig. 4.3). A weighted average value for the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG 
is calculated for each time slice and eventually the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG over time is 
obtained. 
As a second step, we assume that the SANS signal arises from precipitates with a chemical 
formula (FexV1-x-zMnz)Cy and a NaCl type crystal structure during the entire annealing process. 
This hypothesis is based on literature studies of the VCy crystal structure in low-carbon steels 
[5],[13],[21-23]. Other crystal structures for the precipitates rather than NaCl are not 
considered, even though they have been reported for medium carbon steels [25]. It is also 
possible that in the very early stage of the nucleation process, the embryos have a different 
crystal structure than NaCl [24], however, this is not taken into account. In the NaCl crystal 
structure, the Fe, V and Mn atoms can occupy the metal positions in the lattice with fractions 
of x, 1-x-z and z, respectively. The manganese fraction, z, is very small compared to the iron 
and vanadium fractions. Therefore, it is considered constant and, for each steel at a specific 
temperature, its value is the same as the equilibrium manganese fraction in the precipitates as 
derived from ThermoCalc calculations. The parameter y is the ratio of carbon, C, to metal, M, 
atoms, in the precipitate, i.e., C:M, and indicates deviations from the stoichiometric ratio of the 
carbides. For stoichiometric precipitates y = 1, but if vacancies are present at the carbon 
positions in the precipitate lattice, y is smaller than 1. In addition, if there is a single type of 
precipitate present in the steel with different stoichiometric ratios of carbon-to-metal, y 
represents the weighted average of the distribution of the carbon-to-metal ratios. The carbon-
to-metal ratio is found to be related to the precipitate size distribution. For instance, in Ref. 
[21], fine stoichiometric VC precipitates (y = 1) and coarse V4C3 (y = 0.75) precipitates were 
identified by TEM. Based on such literature findings [5],[13],[21-23], we consider 0.75 ≤ y ≤ 
1. For the ferritic matrix, zmatrix is the atomic fraction of manganese in the matrix which is 
assumed constant during annealing and equal to its nominal concentration in the alloys. 
The ratio Δρ2

NUC/Δρ2
MAG is theoretically calculated as a function of the precipitate chemical 

composition, i.e., as a function of the x and y parameters, with constant z.  
The difference in the scattering length densities between the precipitates and the iron matrix is 

NUC NUC_matrix NUC_precipΔρ ρ ρ= − . The scattering length density of the matrix is: 
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and the precipitates’ scattering length density is: 
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where j stands for each individual element in the phase: j = Fe, Mn, V or C, and fj

m and fj
p are 

the atomic fractions of each element in the matrix and the precipitate unit cell, respectively. 
The Vbcc is the atomic volume of the matrix and the Vprecip the atomic volume of the 
substitutional elements in the precipitates. They are calculated as: Vbcc = a3

bcc/2 and as Vprecip = 
a3

precip/4. The abcc and the aprecip are the lattice parameters of the ferrite unit cell and of the 
precipitate unit cell. The lattice parameter dependence on temperature is considered for both 
precipitates [58] and matrix [59]. For the precipitates, the additional dependence of the lattice 
parameter on the precipitate stoichiometry, i.e. on the carbon vacancies fraction, is also taken 
into account in the calculations [60]. The numbers 2 and 4 used for the atomic volume of the 
matrix and the precipitates calculation, respectively, are the total number of metal atoms in the 
BCC ferrite matrix unit cell and in the precipitate unit cell. The bj is the coherent scattering 
length of each element j [61]. The coherent scattering lengths are bFe = 9.45 x 10-15 m for iron, 
bC = 6.646 x 10-15 m for carbon, bV = -0.3824 x 10-15 m for vanadium and bMn = -3.73 x 10-15 
m for manganese. The vanadium and carbon fractions in solid solution in the matrix are 
excluded from the matrix contrast calculation because of their insignificant numerical 
contribution. 
Similar to the nuclear contrast between the matrix and the precipitates, the magnetic contrast 
is MAG MAG_matrix MAG _precipΔρ ρ ρ= − . The matrix magnetic scattering length is: 
 

MAG_matrix
bcc

pρ
V

=                    (4.6) 

 
In the ferritic matrix only the Fe is magnetic and the p parameter in Eq. (4.6) is its magnetic 
scattering length given by p = 2.699 x 10-15-m * μ, where μ is the saturation per iron atom in μB 
units. The magnetization saturation temperature dependence is taken into consideration as in 
Ref. [62] and is equal to 1.47 μB at 650 oC (corresponding to μ0*M ~ 1.45 T, where μ0 is the 
magnetic permeability of the vacuum and M the magnetization) and to 1.26 μB at 700 °C 
(corresponding to μ0*M ~ 1.24 T) resulting to a magnetic scattering length of 3.97 x 10-15 m at 
650 oC and 3.39 x 10-15 m at 700 °C.  
The magnetic scattering from the precipitates depends on the fraction of Fe in the precipitates 
and the corresponding magnetic scattering length is: 
 

MAG_precip
precip

pρ x
V

= ⋅                                  (4.7) 

 
By combining Eq. (4.4)-( 4.7), for each steel composition and for a specific temperature, 650 
°C or 700 °C, the Δρ2

NUC/Δρ2
MAG is obtained as a function of the x and y, i.e., as a function of 

the precipitate chemical composition. Following Eq. (4.3), the experimental intensity ratio 
evolution for each time slice is thus obtained as a function of x and y: 
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              (4.8) 

 
The presence of iron in the precipitates reduces both Δρ2

NUC and Δρ2
MAG. However, the 

decrease in Δρ2
NUC is much larger, causing an overall reduction of Δρ2

NUC/Δρ2
MAG. On the other 

hand, the presence of carbon vacancies leads to an increase of Δρ2
NUC/Δρ2

MAG. Consequently, 
different combinations of x and y can result in the same ratio of the nuclear-to-magnetic 
macroscopic differential scattering cross-sections as given by Eq. (4.8). In order to overcome 
this complication and due to the fact that the precipitate composition can be assumed to reach 
a plateau after 10 h of annealing according to the experimental SANS intensity ratios (as will 
be shown in the Figs. 4.4-4.6 of the present study), the ThermoCalc software is used to 
determine the equilibrium precipitate stoichiometry. 
ThermoCalc equilibrium calculations of the precipitates chemical composition are performed 
for the three alloys at 650 °C and at 700 °C. The results are listed in Table 4.2. In equilibrium, 
in all alloys and at both temperatures, the precipitates are mainly vanadium carbides with less 
than 8.5% of iron and an even smaller fraction of manganese (less than 0.5%) present. 
According to ThermoCalc, the equilibrium precipitate chemical composition in LCLV and 
HCHV steels is very similar. In the LCHV steel at both temperatures the concentration of iron 
and manganese in the precipitates is less than the corresponding concentrations in the 
precipitates in the LCLV and HCHV steels. 
In the last column of Table 4.2, the precipitate stoichiometry is presented based on the carbon-
to-metal fraction as derived from ThermoCalc. For solving Eq. (4.8), the y value for each steel 
at a specific temperature is assumed to be constant during annealing, and equal to the 
equilibrium value given by ThermoCalc. Then the fraction of iron in the precipitates during 
annealing is obtained from Eq. (4.8) and the fraction of vanadium is the remaining metallic 
fraction after the subtraction of iron and manganese fractions. 
 
 
Table 4.2. Equilibrium precipitate chemical composition predicted by ThermoCalc. 

Steel 
annealing 

temperature 
(°C) 

at.% of atoms in the precipitates precipitates’ chemical 
formula 

at.%V at.%C at.%Fe at.%Mn (FexV1-x-zMnz)Cy 
LCLV 650 44.75 46.58 8.35 0.31 (Fe0.156V0.84Mn0.006)C0.872 
 700 46.18 46.49 7.10 0.23 (Fe0.133V0.86Mn0.004)C0.869 
LCHV 650 51.65 45.62 2.66 0.06 (Fe0.049V0.95Mn0.001)C0.839 
 700 51.39 45.74 2.80 0.07 (Fe0.050V0.95Mn0.001)C0.843 
HCHV 650 45.72 46.54 7.48 0.25 (Fe0.140V0.86Mn0.005)C0.871 
 700 46.29 46.49 6.99 0.23 (Fe0.130V0.87Mn0.004)C0.869 

 
 
However, the validity of the assumption that y remains overall constant during annealing, is 
questionable because it basically implies that the precipitate (sub-)stoichiometry distribution is 
time-independent. Furthermore, y may also change with time because it may be dependent on 
the size of the precipitates and the size distribution changes with time. The time evolution of 
the precipitate sub-stoichiometry distribution is included in the final chemical composition 
calculations by calculating boundaries for the iron and vanadium fractions. Since a decrease of 
y and a decrease in the amount of iron in the precipitates both result in an increase in the 
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Δρ2
NUC/Δρ2

MAG ratio, by solving Eq. (4.8) for a given experimental ratio, ymin = 0.75 will 
determine the upper boundary for the Fe fraction. Accordingly, ymax = 1 will yield the lower 
boundary for the Fe fraction. The boundaries in the fraction of vanadium are calculated as the 
boundaries of iron subtracted from 1 for each moment of annealing. 
Summarizing, following this method, the precipitate chemical composition evolution can be 
calculated for any steel composition and for all possible precipitate sizes and shapes without 
fitting of any parameters other than the composition parameters (e.g. parameters related to the 
precipitates size distribution). The complexity, however, of the analysis increases when more 
alloying elements that can partially substitute vanadium in the vanadium carbide precipitate 
are included, or when different types of precipitates with different size distribution evolution 
are present. Moreover, a limitation of the SANS technique is that it cannot directly provide 
information on the precipitate crystal structure and on the spatial distribution of the metal atoms 
within the precipitate. For these reasons, complementary techniques like TEM and APT should 
accompany and complement the SANS measurements. 
 
 
4.4. Results and Discussion 
4.4.1. Small-Angle Neutron Scattering 
 
Nuclear and magnetic differential scattering cross-sections of the LCLV, LCHV and HCHV 
steels obtained by in-situ SANS during annealing at 650 °C and at 700 °C are presented in the 
Appendix B (Fig. B2). Because of space limitations, only an example, the differential scattering 
cross-section evolution in the LCLV during annealing at 650 °C is shown in Figs. 4.2a and b 
for the nuclear and the magnetic components, respectively. These curves are obtained after 
background subtraction, and therefore consist only of the precipitation scattering contribution. 
The subtracted background signal consists of the furnace scattering contribution and the 
scattering from a steel without precipitates (obtained from the scattering of the samples at the 
soaking temperature, 1050 °C or 1100 °C). The SANS intensity during cooling (obtained by 
using 1 minute time slices) is compared to the SANS signal at high temperatures and the curves 
are identical, indicating that no precipitation takes place before the isothermal annealing 
temperature is reached. 
Four representative time slices are chosen and the SANS intensity time evolution during 
isothermal holding is shown in Fig. 4.2. Both nuclear and magnetic intensities are increasing 
with time due to precipitation, and the magnitude of intensity increase depends on the volume 
fraction of the precipitates formed. The intensity increases more rapidly during the first hour 
of annealing, indicating faster precipitation kinetics at the beginning of annealing than at later 
stages. The intensity curves corresponding to shorter annealing times have larger error bars due 
to the re-binning of data over shorter time slices than for the long annealing times. 
Note that for short annealing times the precipitate size and volume fraction are small, therefore 
the measured scattering intensity is low. In addition, the Q-range of the Larmor instrument is 
limited, affecting the accuracy in resolving the smallest precipitates. However precipitates of 
size of ~1 nm can be detected as stated in Ref. [26]. 
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Fig. 4.2. a) Nuclear and b) magnetic differential scattering cross sections obtained during 
annealing of LCLV steel at 650 °C as a function of Q. The scattering curves of some selected 
annealing times are shown. 

 
 
 
Fig. 4.3 provides the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratios obtained by in-situ SANS measurements 
on the LCLV steel annealed at 650 °C. The ratio is calculated from the scattering curves of 
Figs. 4.2a and b. Note that the errors for short annealing times are relatively large due to the 
limited counting statistics. Since we observe no significant Q-dependence we calculate the 
weighted average for the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio over Q for each time slice. The 

weighted average is calculated as the ( )( ) ( )
npts npts

2 2

1 1
1 _ 1 _n n n

n n
ratio error ratio ratio error

= =

⋅∑ ∑ , 

where n stands for each individual data point in Fig. 4.3, ration and ratio_errorn are the 
experimental ((dΣ/dΩ)NUC/(dΣ/dΩ)MAG)(Q) ratio and its error for each Q, respectively, and npts 
is the number of the experimental data points. The dotted lines in Fig. 3 represent the calculated 
weighted average of the nuclear to magnetic intensity ratio for each time slice. The ratio is 
increasing during annealing of all the steels at both 650 °C and 700 °C and it is presented later 
in Figs. 4.4a-b, 4.5a-b and 4.6a-b. 
Examples of nuclear and magnetic differential scattering cross sections vs Q of all steels 
annealed at 650 °C and 700 °C are provided in Appendix B (Fig. B3), showing the Q 
independence of the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio. 
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Fig. 4.3. Ratios of the nuclear to 
magnetic scattering cross sections 
plotted versus the scattering vector, Q, 
on a logarithmic scale, for LCLV alloy 
samples annealed at 650 °C for different 
annealing times from the in-situ 
scattering curves of Figs. 4.2a and b. 

 
 
The experimental, weighted averaged, (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio evolution during 
annealing at 650 °C and at 700 °C is presented for the LCLV, LCHV and HCHV steels in the 
graphs of Figs. 4.4a-b, 4.5a-b and 4.6a-b, respectively. The missing points in the graphs are 
due to an interruption of the neutron beam. The errors in the experimental 
(dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio are statistical errors originating from the neutron measurements. 
For all steels and at both temperatures, the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio increases during 
annealing, indicating changes in the precipitate chemical composition with time. As shown in 
Figs. 4.4-4.6, the first 4 hours are the most critical for the precipitate chemical composition 
evolution while at the later stages of annealing, the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio reaches a 
plateau value suggesting that the (metastable) equilibrium precipitate composition is reached. 
The smaller experimental (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio in the first hours of annealing is mainly 
attributed to the presence of iron in the precipitates which, as explained in the previous section, 
leads to a lower Δρ2

NUC/Δρ2
MAG.  

The black dashed horizontal line plotted in Figs. 4.4a-b, 4.5a-b and 4.6a-b is the Δρ2
NUC/Δρ2

MAG 
ratio that corresponds to the equilibrium precipitate chemical composition according to 
ThermoCalc (presented in Table 4.2). The green dashed horizontal line is the theoretically 
calculated Δρ2

NUC/Δρ2
MAG ratio for stoichiometric vanadium carbides that do not contain any 

iron but only a small fraction of manganese given by ThermoCalc. This ratio (for stoichiometric 
vanadium carbides) is temperature dependent and is equal to 1.69 at 650 °C and 2.33 at 700 
°C. Both Δρ2

NUC and Δρ2
MAG are lower at 700 °C than at 650 °C, but the Δρ2

MAG reduction from 
650 to 700 °C is stronger due to the reduction in the magnetization of the iron matrix at 700 °C 
compared to that at 650 °C. ThermoCalc indicates a sub-stoichiometric equilibrium precipitate 
composition for all steels (y < 1) and this is graphically shown by the black line having a higher 
value than the green stoichiometric line for which y = 1. The fact that we measure ratios above 
the corresponding ratio for pure vanadium carbide (green lines), especially in the cases of 
LCHV and HCHV at both temperatures, is a strong indication for the presence of sub-
stoichiometric carbides.  
For the HCHV steel at both annealing temperatures, the experimental (dΣ/dΩ)NUC/(dΣ/dΩ)MAG 
ratio is larger than the equilibrium and the stoichiometric ratios (Figs. 4.6a and 4.6b), implying 
that the carbon-to-metal ratio in the precipitates of this steel is smaller than the ThermoCalc 
results. For this steel, a red dashed horizontal line is plotted corresponding to (V,Fe,Mn)4C3 for 
comparison. 
 



73 
 

 
Fig. 4.4. Experimentally observed evolution of the ratio of the nuclear to magnetic scattering 
cross section of the LCLV steel during annealing a) at 650 °C and at b) 700 °C. The derived 
precipitate composition evolution is shown in c) and d), respectively. The solid lines in c 
and d are fits with Eq. (4.9). 
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Fig. 4.5. Experimentally observed evolution of the ratio of the nuclear to magnetic scattering 
cross section of the LCHV steel during annealing a) at 650 °C and at b) 700 °C. The derived 
precipitate composition evolution is shown in c) and d), respectively. The solid lines in c 
and d are fits with Eq. (4.9). 
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Fig. 4.6. Experimentally observed evolution of the ratio of the nuclear to magnetic scattering 
cross section of the HCHV steel during annealing a) at 650 °C and at b) 700 °C. The derived 
precipitate composition evolution is shown in c) and d), respectively. The solid lines in c and 
d are fits with Eq. (4.9). 
 
 
In order to quantify the evolution of iron and vanadium fractions in the precipitates, we follow 
the method described in Section 4.3. The results are presented in Figs. 4.4c-d, 4.5c-d and 4.6c-
d for the three steels. The marker dots for the iron and vanadium fractions result from the 
solution of Eq. (4.8) using y from ThermoCalc for each steel at each temperature. The error 
bars reflect the statistical error from the SANS measurements. They are calculated from the 
experimental (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio errors, after solving Eq. (4.8). The shaded areas in 
the iron and vanadium fractions reflect the spread in the iron and vanadium fractions in the 
precipitates during annealing when the upper (ymax = 1) and lower (ymin = 0.75) values for y are 
applied to Eq. (4.8). The iron and vanadium fractions can vary between 0 and 1, setting the 
upper boundary for y during annealing (boundaries in the shaded areas in Figs. 4.4-4.6). 
According to Figs. 4.4-4.6, the precipitates in the LCLV steel at both temperatures tend to a 
more stoichiometric distribution than the LCHV and HCHV steels, indicated by the larger y 
values. 
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For the HCHV steel annealed at 700 °C, y = 0.869 is given by ThermoCalc. However, by 
applying our method, the calculated iron and vanadium fractions in the precipitates are 
physically possible only for the first hours of annealing. y = 0.869 yields a negative iron fraction 
and a vanadium fraction larger than 1 after 300 min of annealing (Fig. 4.6d). This means that, 
either ThermoCalc gives a larger value for y than the experimental one from SANS (the final 
experimental (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio can be reached if the carbon-to-metal ratio is set to 
y = 0.75 in the model – Fig. 4.6d), or that in the HCHV steel the precipitates possibly have a 
different crystal structure than that of the precipitates in the steels with the lower carbon 
concentration (LCLV and LCHV steels). However, evidence of a different precipitate crystal 
structure in the precipitates of the HCHV steel is not pronounced at 650 °C. The evolution of 
the iron and vanadium content in the precipitates in the HCHV steel at 700 °C is calculated 
only for the first 300 min of annealing. The presence of precipitates that have not yet reached 
the equilibrium precipitate composition is a possible reason for the difference between the 
precipitate chemical composition measured experimentally and the one given by ThermoCalc.  
The iron fraction in the precipitates decreases with time, with the iron being substituted by 
vanadium in the precipitate lattice, so that the fraction of vanadium in the precipitates is 
increasing with time. Since the precipitate size is becoming larger during isothermal holding 
(precipitate growth and coarsening), our analysis confirms the presence of iron in small 
vanadium carbides, in agreement with Ref. [26]. Comparing the precipitate chemical 
composition evolution plots for the precipitates in the LCLV and LCHV steels (Figs. 4.4 and 
4.5), we conclude that the addition of vanadium to the steel nominal composition leads to the 
formation of precipitates with a higher vanadium concentration. At both temperatures, more 
vanadium is included in the precipitates of LCHV and HCHV steels than in the LCLV steel as 
there is twice the amount of vanadium in the steels’ nominal composition. Consequently, the 
addition of vanadium to the steel nominal composition promotes the presence of vanadium rich 
precipitates, with less iron and a smaller carbon to metal ratio. 
These precipitates are initially metastable with a high iron concentration and their composition 
gradually evolves towards equilibrium during annealing. Similar conclusions are reported in 
[15],[16] regarding the presence of iron in niobium carbides. A possible reason for the presence 
of iron is that it lowers the precipitate strain energy through the precipitate-matrix lattice misfit 
reduction, resulting in a higher net driving force (the sum of the chemical free energy difference 
and the strain energy) and therefore reduced activation energy for precipitate nucleation as 
explained in [29] for (Ni,Al,Mo) precipitates and in [15],[16] for niobium carbides. 
Quantitatively, the average metal fraction of iron in the precipitates in all steels reduces from 
a value larger than 0.65 in the initial stage of precipitation to a value smaller than 0.15 in the 
later stages. In the LCHV steel, both at 650 and at 700 °C, the final fraction of iron in the 
precipitates is much less (and the amount of vanadium is much higher) than the corresponding 
fraction in the LCLV steel. This composition effect is a purely thermodynamic effect, as it is 
also shown in the equilibrium precipitate composition provided by ThermoCalc (Table 4.2). 
It is important to note that, despite the fact that in the LCLV and HCHV steel the vanadium 
and carbon have the same atomic ratio (equal to 1) in the nominal composition and that 
ThermoCalc predicts the same precipitate composition in these two steels, the experimentally 
measured precipitate composition differs between the LCLV and HCHV alloys. This, in turn, 
could affect the resulted precipitation and modulus strengthening of the steel. 
 
 
4.4.2. Rate of change in the precipitate chemical composition evolution by SANS 
 
In order to calculate the rate of change in the precipitate chemical composition in the three 
steels, the calculated fraction of vanadium in the precipitates is fitted to the following equation: 
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( )_ ( ) expmetal fractionV t A B k t= − ⋅ − ⋅ ,                              (4.9) 

 
where A and B are fitting parameters dependent on the matrix and precipitate composition and 
on the annealing temperature. The k factor describes the rate of change in the precipitate 
chemical composition and t is the time. The fitting curves are shown in Fig. 4.4c-d, 4.5c-d, 
4.6c-d and in Fig. 4.7a-b and the k factor is graphically presented for the three steels annealed 
at 650 °C and at 700 °C in Fig.4. 8. 
Figs. 4.7a and b show the evolution of the metal fraction of vanadium in the precipitates during 
annealing at 650 °C and at 700 °C, respectively. The individual points are obtained from the 
experimental data after solving Eq. (4.8) using the y-value from ThermoCalc as explained 
above. These points are also presented in Figs. 4.4c-d, 4.5c-d and 4.6c-d. The dashed lines 
result from the fitting of these data points, i.e., from the fitting of the fraction of vanadium in 
the precipitates (Eq. (4.9)).  
At a fixed temperature, 650 °C or 700 °C (Fig. 4.7a and b, respectively), changes in the 
precipitate chemical composition are faster in the LCHV and HCHV steels due to their excess 
of vanadium with respect to LCLV steel. This is also reflected in the larger k factor for LCHV 
and HCHV compared to the LCLV steel at a specific temperature (Fig. 4.8). The carbon also 
has an accelerating effect on the kinetics of evolution of the precipitate chemical composition 
at both temperatures (Figs. 4.7a and b). This is visible also by the larger k factor in the HCHV 
than in the LCLV and LCHV steels – Fig. 4.8. 
 
a) 

 

b) 

 
Fig. 4.7. Evolution of the metal fraction of vanadium in the precipitates in the LCLV(▲), 
LCHV(•) and HCHV(■) steels during annealing at a) 650 °C and b) 700 °C. The marker dots 
are obtained from the experimental data after solving Eq. (4.8) using the y from ThermoCalc 
(they are also presented in Figs. 4.4c-d, 4.5c-d and 4.6c-d), and the dashed lines result from the 
fitting of these data points, i.e., from the fitting of the amount of vanadium in the precipitates. 
 
 
As shown in Fig. 4.8, the k factor is larger at 700 °C than at 650 °C for all steels corresponding 
to faster changes in the precipitate chemical composition at 700 °C, which can be attributed to 
a faster –thermally activated– vanadium diffusion. According to Fig. 4.8, the influence of 
temperature in the rate of change in the precipitate chemical composition in the LCHV and 
HCHV steels clearly increases with increasing temperature. In the LCLV steel, the rate of 
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change in the precipitate chemical composition increases with increasing temperature as well, 
however, the influence of temperature is smaller in this steel, suggesting that the impact of the 
increased vanadium diffusion is more evident in steels with a higher vanadium fraction. 
 
 

 

 
 
 
 
 
 
Fig. 4.8. Precipitate chemical 
composition evolution rate at 650 °C 
and at 700 °C for the precipitates in 
the LCLV, LCHV and HCHV. 

 
The driving force for the precipitation of vanadium carbides in ferrite at 650 °C and at 700 °C 
is calculated using ThermoCalc ortho-equilibrium calculations. The results are listed in Table 
4.3. For each steel, the driving force for precipitation is smaller at 700 °C than at 650 °C as 
expected due to the increase in the solubility of the precipitates when the temperature increases 
[9],[63], and comparable to the values reported in [63]. 
 
 
Table 4.3 Driving force for precipitation in ferrite and precipitate dissolution temperature in 
the three steels of interest according to ThermoCalc. 

 driving force for precipitation in ferrite, ΔGV precipitate 
dissolution  

temperature in °C Steel annealing at 650 °C annealing at 700 °C 

LCLV 24.3 kJ/mol (=2229 MJ/m3) 21.0 kJ/mol (=1925 MJ/m3)  990 
LCHV 26.9 kJ/mol (=2462 MJ/m3) 23.7 kJ/mol (=2173 MJ/m3) 1060 
HCHV 28.8 kJ/mol (=2642 MJ/m3) 25.8 kJ/mol (=2361 MJ/m3) 1069 

 
 
The nucleation rate of the precipitates depends on the driving force for precipitation as 
described by [64]: 
 

*
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                                              (4.10) 

 
In Eq. (4.10), QD is the activation energy for vanadium diffusion, T is the temperature, kB is 
the Boltzmann constant and ΔG* is the activation energy for the nucleation of the precipitates 
given by: 
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where ΔGV is the chemical driving force for the nucleation of the precipitates and gs is the 
misfit strain energy between the precipitates and the matrix. The Ψ parameter is equal to [65]:  
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and it contains information about the energies, σ, between the interfaces l that are involved in 
the nucleation process and the shape of the critical nucleus (reflected by the coefficients zA

l and 
zV

l) [65]. The Ψ parameter is dependent on the coherency of the precipitate/matrix interface, 
therefore, dependent on the iron content in the precipitates due to the fact that the presence of 
iron in the precipitates can reduce the precipitate/matrix lattice misfit [15],[16]. Consequently, 
because a higher fraction of iron in the precipitates increases the coherency of the precipitates 
and thus reduces the interfacial energy between the precipitates and the matrix, it eventually 
reduces Ψ. This leads to a decrease in the activation energy for the precipitate nucleation, ΔG*, 

and consequently to an increase in the nucleation rate, N
•

(Eq. (4.10)-(4.12)). In addition, the 
presence of iron in the precipitates reduces the strain energy between the precipitate and the 
matrix, gs, which, based on Eq. (4.11), also reduces the activation energy for the precipitate 
nucleation, ΔG*, and, increases N

•
, explaining that the presence of iron in the precipitates in 

the first stages of annealing is critical for the entire nucleation process. The presence of iron in 
the precipitates affects also the chemical driving force for the nucleation, ΔGV. Iron in the 

precipitates reduces ΔGV and consequently the nucleation rate, N
•

 (Eqs. (4.10) and (4.11)). 
Our observations seem to favour iron-rich precipitates in the beginning of annealing, indicating 
that the latter effect of iron on reducing the chemical driving force and consequently reducing 
the N

•
 is minor compared to its effect on reducing the lattice misfit and the strain energy and 

consequently increasing the N
•

. The presence of carbon vacancies in the precipitates has also 
an influence on the driving force for precipitation and the nucleation rate through the 
parameters of Eq. (4.10), (4.11) and (4.12), however, these effects are not quantified here 
because of the lack of sufficient data. 
Based on Eqs. (4.10) and (4.11), the smaller driving force for precipitation, ΔGV, at 700 oC in 
all steels (Table 4.3) results in a higher activation energy for the precipitate nucleation, ΔG*, 

and therefore to a reduced nucleation rate, N
•

. 
Precipitates nucleate at a lower rate at 700 °C than at 650 °C [63] (see also the APT results 
below) but due to the larger mobility of the precipitating elements at 700 °C, the precipitate 
growth rate is larger at 700 °C and therefore faster changes in the precipitate chemical 
composition are observed at this temperature (the k factor is larger Fig. 4.8). 
By increasing the vanadium content in the steel at a certain temperature (see the comparison 
between LCLV and LCHV steels in Table 4.3), the driving force for vanadium carbide 
precipitation becomes larger (in agreement with [22] and [63]) at both temperatures. This is 
attributed to the fact that the addition of vanadium to the steel results in an increased 
concentration of vanadium at the α/γ interface due to the solute drag effect.  
We observe that an increase in the overall carbon concentration leads to an increase in the rate 
of change in the precipitate chemical composition. A possible explanation for this observation 
is as follows. The bulk carbon content also affects the precipitation driving force. The carbon 
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addition also increases the precipitate dissolution temperature (Table 4.3 – comparison between 
LCHV and HCHV, consistent with [63]). However, a larger carbon content in the steel 
composition may retard the austenite-to-ferrite phase transformation due to the carbon 
enrichment in austenite [26] and consequently it might be possible that the vanadium 
segregation and supersaturation at the α/γ interface is enhanced, causing an increase in the 
driving force for precipitation (Table 4.3 – comparison between LCHV and HCHV) and 
consequently an increase in the rate of change in the precipitate chemical composition. More 
information is presented in Chapter 5. 
The values for the driving force for precipitation presented in Table 4.3 are based on the 
assumption that the vanadium carbide precipitation takes place in the bulk ferrite. In reality, 
these values can be different when the precipitates nucleate during the austenite-to-ferrite phase 
transformation in the moving α/γ boundary, in which the local concentration of the elements is 
somewhat different. 
Summarizing, the alloying additions of vanadium or carbon to the steel nominal composition 
can increase the driving force for precipitation at a specific temperature. The rate of change in 
the precipitate chemical composition depends on the driving force for precipitation (which is 
influenced by the alloy composition, the concentration of elements at the α/γ interface, the 
solute drag effect and the precipitate chemical composition) as well as on the diffusivity of the 
precipitating elements such as vanadium through their effect on the precipitate/matrix interface 
velocity. For each steel annealed at a specific temperature, the parameter that has the dominant 
effect over the others is the one that eventually controls the rate of change in the precipitate 
chemical composition.  
 
4.4.3. Precipitate chemical composition determined by Atom Probe Tomography 
 
Fig. 4.9 shows representative 3D vanadium atom maps for LCLV, LCHV and HCHV steel tips 
measured by APT. All maps are superimposed with 2 at.%V iso-concentration surfaces. 
Vanadium rich regions are clearly distinguished in all tips and correspond to vanadium carbides 
since carbon enrichment is also measured in these regions (an example is provided in Fig. B4 
in the Appendix B). The first three maps belong to LCLV, LCHV and HCHV specimens 
isothermally annealed in the dilatometer at 650 °C for 10 h. Spherical/slightly ellipsoidal 
precipitates larger than 2 nm have been formed after 10 h at 650 °C in all steels. Much larger 
precipitates are seen after 10 h at 700 °C in all steels. A representative example of a tip of a 
LCLV specimen annealed at 700 °C for 10 h is shown in the fourth tip of Fig. 4.9. 
Proximity Diagrams (proxigrams) [66] calculated using iso-concentration surfaces (iso-
surfaces) of 2 at.%V are used to provide the precipitates’ chemical composition profile. After 
10 h of isothermal holding at 650 °C or at 700 °C, the precipitates have reached a stable 
composition according to SANS (Figs. 4.4-4.6). The precipitate chemical composition analysis 
is performed by the use of proxigrams in all steels after 10 h of annealing.  
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Fig. 4.9. From left to right: 3D 
APT maps of V atoms in 
LCLV, LCHV and HCHV 
after annealing at 650 °C for 
10 h, and of LCLV after 
annealing at 700 °C for 10 h. 
The maps are superimposed 
with 2at.%V iso-surfaces. 

 
As a representative example, the radially averaged 1D composition profiles of two precipitates 
in the LCHV steel annealed at 700 °C for 10 h are shown in Figs. 4.10a and b. More 
composition profiles of precipitates in LCLV, LCHV and HCHV steels can be found in the 
supplementary material (Figs. B5-7). No manganese enrichment is measured by APT in the 
precipitates in any of the three alloy steels in agreement with ThermoCalc calculations, 
therefore the amount of manganese is not plotted in the proxigrams for the sake of simplicity. 
Precipitates with a small and comparable fraction of iron in the core and with different sub-
stoichiometric ratios are found in all steels.  
The two precipitates in Figs. 4.10a and b are from two different APT tips extracted from the 
same sample area of the LCHV steel annealed at 700 °C. Fig. 4.10a shows the radially averaged 
1D composition profile of a precipitate in which the carbon-to-metal ratio is close to the 
stoichiometric one while Fig. 4.10b shows the profile of a precipitate in which the carbon-to-
metal ratio is much lower that the stoichiometric ratio. Such differences in the stoichiometry 
of the precipitates are found in all alloys. In both precipitates, iron is detected in the core in a 
fraction of a few at.% which is consistent with the equilibrium precipitate composition given 
by ThermoCalc. 
A gradual increase of vanadium and carbon along with a decrease of iron concentration from 
the surface to the precipitate core is observed. However, inconsistencies in the concentration 
profile of the precipitates’ surface are possible as a result of the local magnification effect [39] 
in APT, which causes misidentification of atoms close to the precipitate/matrix interface. 
 

 
Fig. 4.10. Proxigrams of two representative precipitates with different stoichiometry in the 
LCHV steel annealed at 700 °C for 10 h. In a), the carbon-to-metal ratio is closer to the 
stoichiometric ratio than in b). 
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The proxigrams in Figs. 4.11a and b belong to precipitates in the LCLV steel annealed at 700 
°C for 10 h. Like in Figs. 4.10a and b, the precipitates in Fig. 4.11 are from two different tips 
but from the same sample area of the LCLV steel. The precipitate in Fig. 11a has a composition 
closer to stoichiometry and the one in Fig. 11b has a lower carbon-to-metal ratio. APT therefore 
shows that sub-stoichiometric precipitates are also present in the LCLV steel, in which the 
presence of sub-stoichiometric precipitates is not obvious from the experimental SANS 
(dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio evolution (Figs. 4a and b). In these figures, the experimental ratio 
does not reach the green dashed horizontal line which is the theoretical ratio that the precipitates 
would have if they were stoichiometric. The experimental (dΣ/dΩ)NUC/(dΣ/dΩ)MAG values in 
the LCLV steel are lower than the theoretical stoichiometric ratio and this can explained by the 
presence of iron in the precipitates which reduces the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio. 
 
 

 
Fig. 4.11. Representative proximity diagrams of two precipitates differing in stoichiometry in 
the LCLV steel annealed at 700 °C for 10 h. In a), the carbon-to-metal ratio is closer to the 
stoichiometric ratio than in b). 
 
 
The APT results confirm qualitatively the presence of a distribution of precipitates with 
different carbon-to-metal ratios, ranging from 0.75 to 1, in the same alloy treated at the same 
temperature. A quantitative analysis, which would lead to the determination of the sub-
stoichiometric distribution of the precipitates, cannot be performed due to the local nature of 
the APT measurements which leads to limited statistics, due to the directional walk effect [43], 
which causes inconsistencies in the measured carbon concentration, and due to the limited 
effective spatial resolution of APT for small particles or precipitates [67]. 
The proxigrams also show that precipitates with a similar size can have different carbon-to-
metal stoichiometry. This result suggests that the stoichiometry of a precipitate is not only size 
dependent but also a function of many other factors such as temperature, precipitate coherency, 
steel nominal composition and time of nucleation or growth/coarsening rate. Due to all these 
factors, the overall stoichiometry distribution can slightly vary during annealing. For instance, 
in the early stages of nucleation, iron-rich clusters coherent to the matrix are formed, which 
later transform into incoherent precipitates that may have different crystal structure [14],[68]. 
The lattice parameter and consequently the coherency of the precipitates is controlled by the 
solute elements fractions. During the transition from coherent to incoherent particles, the 
precipitate-matrix interfacial energy increases thus a larger fraction of vacancies is necessary 
for the precipitate stability, causing a slight gradual decrease in the carbon-to-vanadium ratio 
[14]. This could be an additional reason for a slight change in the precipitate stoichiometry 
during isothermal holding. Small inhomogeneities in the steel chemical composition or slight 



83 
 

temperature deviations between different specimen areas can also affect the precipitate 
chemical composition. 
The in-situ SANS measurements are performed in a sample volume of ~1020 nm3, which is 
approximately 14 orders of magnitude larger than the typical volume that is normally analysed 
by APT (~106 nm3), consequently probing a larger number of precipitates and therefore 
providing better statistics on the chemical composition of the precipitates.  
 
 
4.5. Conclusions 
 
Our in-situ SANS investigation of the evolution of the precipitate chemical composition at 650 
°C and at 700 °C in three vanadium micro-alloyed steels with different vanadium and carbon 
contents, provides unique insight into the time evolution of the precipitate chemical 
composition and opens up new possibilities for future investigations. 
Our results indicate that precipitation of vanadium carbides takes place according to the 
following schemes. The precipitates are initially metastable with a high iron concentration and 
their composition gradually evolves during annealing. The initial high iron concentration in the 
precipitates can be explained by the ability of iron to reduce the precipitate-matrix misfit and 
reduce the activation energy for precipitate nucleation. The iron content in the precipitates 
depends on the steel composition, the annealing temperature, the precipitate size and the 
annealing time. The fraction of iron in the precipitate is gradually decreasing during annealing, 
being substituted by vanadium and leading to the formation of the vanadium carbide phase. 
The precipitates are sub-stoichiometric, i.e., the carbon-to-metal ratio in the precipitates is 
smaller than 1, possibly because the presence of carbon vacancies in their lattice can increase 
their stability. Addition of vanadium to the steel nominal composition leads to precipitates that 
are richer in vanadium and with less iron during the entire precipitation process, in case we 
assume that the carbon to metal ratio is given by ThermoCalc. 
Faster changes in the precipitate chemical composition are observed at 700 °C in all steels 
because of the faster diffusion of vanadium at 700 °C than at 650 °C. At the same temperature, 
at 650 °C or 700 °C, an increase of both vanadium and carbon overall content accelerates the 
changes in the precipitate chemical composition during annealing as a result of a higher driving 
force for precipitation. 
By in-situ SANS, the chemical composition evolution of the precipitates can be calculated in 
any steel irrespective of the precipitates shape and size distribution. Complementary APT 
measurements prove the presence of precipitates with a distribution of carbon-to-metal ratios, 
ranging from 0.75 to 1, after 10 h at 650 or 700 °C in all steels. 
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Chapter 5 - Phase-transformation and precipitation kinetics in vanadium micro-alloyed 
steels by in-situ simultaneous neutron diffraction and SANS 
 
 
 

 
 
 
Abstract 
 
In-situ Neutron Diffraction and Small-angle Neutron Scattering (SANS) are employed for the 
first time simultaneously in order to reveal the interaction between the austenite to ferrite phase 
transformation and the precipitation kinetics during isothermal annealing at 650 °C and at 700 
°C in three steels with different vanadium (V) and carbon (C) concentrations. Austenite-to-
ferrite phase transformation is observed in all three steels at both temperatures. The phase 
transformation is completed during a 10 h annealing treatment in all cases. The phase 
transformation is faster at 650 °C than at 700 °C for all alloys. Additions of vanadium and 
carbon to the steel composition cause a retardation of the phase transformation. The effect of 
each element is explained through its contribution to the Gibbs free energy dissipation. The 
austenite-to-ferrite phase transformation is found to initiate the vanadium carbide precipitation 
and the effect of the precipitation on the phase-transformation kinetics is discussed as well. 
Larger and fewer precipitates are detected at 700 °C than at 650 °C in all three steels, and a 
larger number density of precipitates is detected in the steel with higher concentrations of 
vanadium and carbon. After 10 h of annealing, the precipitated phase does not reach the 
equilibrium fraction as calculated by ThermoCalc. The external magnetic field applied during 
the experiments, necessary for the SANS measurements, causes a delay in the onset and time 
evolution of the austenite-to-ferrite phase transformation and consequently on the precipitation 
kinetics.  
 
 
 
Reproduced from: “C. Ioannidou, A. Navarro-López, R. M. Dalgliesh, A. Rijkenberg, X. Zhang, 
B. Kooi, N. Geerlofs, C. Pappas, J. Sietsma, A. A. van Well, S. E. Offerman, “Phase-
transformation and precipitation kinetics in vanadium micro-alloyed steels by in-situ, 
simultaneous neutron diffraction and SANS”, Acta Materialia 220 (2021) 117317.” 
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5.1. Introduction 
 
Micro-alloyed steels containing nanometer-sized precipitates in a ferrite matrix have recently 
attracted a lot of interest due to their high performance when being used in lightweight 
automotive parts [1]–[4]. The combination of high strength, due to the presence of the 
precipitates, and ductility, originating from the ferritic matrix, makes their use promising in 
automotive applications, as these materials substantially reduce energy consumption and 
consequently CO2 emission levels. 
Vanadium carbide precipitates cause precipitation strengthening of steels [2], [5], [6]. 
Therefore, several studies have been focused on the microstructure and mechanical behavior 
of various steels that contain such precipitates and have undergone different treatments [5], 
[7]–[10]. Vanadium carbide precipitation takes place either during the austenite-to-ferrite 
phase transformation at the migrating austenite/ferrite interface, or in the ferrite phase. The 
former is called interphase precipitation. The vanadium and carbon solubility is high in 
austenite but low in the ferrite phase, and their solubility drop when austenite transforms to 
ferrite drives the interphase precipitation [6]. Understanding the vanadium carbide 
precipitation and its interaction with the austenite-to-ferrite phase transformation are key 
factors for achieving an optimum performance of lightweight steels, while minimizing the use 
of vanadium as alloying element. 
The steel composition and the applied thermal treatment determine the vanadium carbide 
precipitation features. At a temperature range from 600 °C to 700 °C, the composition of the 
vanadium carbides can be VC, VC0.9, V4C3, V6C5 [5], [7], [10]–[13], while the precipitates may 
also contain iron (Fe) [14] or manganese (Mn) [15]. These vanadium carbides have been 
observed as spheres, ellipsoids, disks, rods, needles or cuboids [7]–[12], [16]–[18]. Their 
nucleation is favorable at non-KS (Kurdjumov-Sachs) ferrite/austenite interfaces [19], [20], 
while they mainly have a Baker-Nutting orientation relation with the ferritic matrix [5]. 
Transmission Electron Microscopy (TEM), Atom Probe Tomography (APT) and several 
spectroscopy techniques have been used to characterize the precipitates [8]–[10], [12]–[16], 
[18]–[23]. Nevertheless, the results obtained by these techniques have to be complemented by 
other types of measurements in order to obtain more accurate statistical information. Moreover, 
TEM and APT cannot be used to follow the precipitation kinetics in-situ during an applied 
heat-treatment. These limitations can be overcome by Small-angle Neutron Scattering (SANS), 
which is a non-destructive technique for quantitative precipitation characterization in steels, 
allowing in-situ analysis and providing information from a more statistically representative 
volume. However, a quantitative analysis of the SANS data requires input from other 
techniques such as TEM and APT, which can thus complement the SANS measurements.  
Interphase precipitation during the austenite-to-ferrite phase transformation has been studied 
by ex-situ SANS at room temperature in previously heat-treated vanadium micro-alloyed 
steels, while TEM and APT have been used to reveal the precipitate shape, size and chemical 
composition, supporting the SANS data analysis [10], [16], [17]. In these ex-situ SANS 
experiments, the precipitate evolution during the austenite-to-ferrite phase transformation is 
measured using a series of samples that have been annealed for different holding times 
followed by rapid cooling to room temperature. Therefore, these samples consist of complex 
microstructures with different ferrite, martensite and precipitate fractions. Consequently, it is 
challenging to accurately separate the precipitate signal from the strong signal arising from the 
dislocations of the martensite [16].  
In the present study we chose to perform in-situ SANS measurements in steels as this approach 
offers the following major advantages. a) The precipitation kinetics can be measured real-time. 
b) The SANS signal from the dislocations in the martensite is avoided since martensite is not 
present at the high annealing temperatures (>higher than 600 °C). As a result, the SANS signal 
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from the precipitates can be more easily isolated. c) A SANS background signal can be 
determined, i.e. a SANS signal from a steel matrix without the presence of precipitates. This 
background signal can be obtained when measuring at the soaking temperatures that are 
normally applied in this kind of steels before the isothermal annealing treatments. The soaking 
temperatures are chosen to be higher than the precipitate dissolution temperatures to assure the 
absence of any precipitates. The advantages of in-situ SANS are manifold and in a recent study 
we employed the most of them by monitoring the evolution of the precipitate composition in 
vanadium micro-alloyed steels during annealing at either 650 or 700 °C [14]. 
The precipitation is closely related to the austenite-to-ferrite phase transformation and the 
investigation of the interplay between these two phenomena requires measuring the phase-
transformation kinetics together with the precipitation kinetics. This can be achieved by 
combining in-situ SANS with neutron diffraction (ND), which can be used for phase 
identification and quantification. As will be discussed in the following, the combination of in-
situ SANS and ND offers several advantages over other types of measurements of phase 
transformation and precipitation. Nevertheless, such a combination has not been reported in 
the literature so far and in this respect our study sets the direction for future investigations. 
In the present study, in-situ and simultaneous ND and SANS measurements are performed in 
steel samples, which are being heat-treated in a furnace. The aim of our study is to provide 
real-time quantitative information on the interplay between austenite-to-ferrite phase 
transformation and the vanadium carbide precipitation kinetics in low-carbon steels. These 
steels have different vanadium and carbon contents and have been heat-treated at different 
isothermal annealing temperatures (650 or 700 °C). The effects of the annealing temperature 
and the different vanadium and carbon additions to the steel composition on the phase 
transformation and precipitation kinetics are investigated. TEM is used to support the SANS 
data analysis by providing information on the precipitate size and shape.  
During the SANS measurements, an external magnetic field of 1.5 T is applied in order to 
magnetically saturate the steel specimens. In this way we suppress the magnetic-domain 
scattering and separate the nuclear and the magnetic SANS components, allowing for a 
quantitative analysis of the precipitation kinetics. The ND measurements show that this 
external magnetic field affects the phase-transformation kinetics. We thus deduce that the 
magnetic field would eventually also affect the precipitation kinetics. These observations are 
supported by in-situ magnetometer measurements, which also reveal a modification of the 
austenite-to-ferrite phase-transformation kinetics when an external magnetic field is applied. 
Based on the experimental findings, first the phase-transformation kinetics in the different 
steels is analyzed, and the delay in the transformation kinetics due to the external magnetic 
field is presented. Next, the precipitation kinetics is quantified and finally the coupling between 
phase transformation and precipitation kinetics is explained. 
 
5.2. Experimental 
 
The phase-transformation and precipitation kinetics are studied in three vanadium micro-
alloyed steels with different vanadium and carbon contents. The model alloys were provided 
by Tata Steel in Europe and their chemical composition is given in Table 5.1. We refer to these 
steels as LCLV (low carbon - low vanadium alloy), LCHV (low carbon - high vanadium alloy) 
and HCHV (high carbon - high vanadium alloy). The high vanadium alloys have twice the 
concentration of vanadium of the low vanadium one and the high carbon alloy has twice the 
concentration of carbon compared to the low carbon ones. The atomic ratio of vanadium to 
carbon is close to 1 in the LCLV and HCHV steels and close to 2 in the LCHV alloy. The 
manganese concentration is the same in all alloys and the concentration of the other elements 
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is as low as possible. The choice of these steel compositions aims to elucidate and disentangle 
the effects of vanadium and carbon on the phase-transformation and the precipitation kinetics.  
 
Table 5.1. Chemical composition of the investigated steels in wt.% and at.% with balance Fe. 
Steel  C Mn V Si P Cr Al 

LCLV wt.% 0.071 1.84 0.29 0.010 0.0010 0.010 0.004 
at.% 0.330 1.86 0.32 0.026 0.0018 0.011 0.008 

LCHV wt.% 0.075 1.83 0.57 0.014 0.0010 0.006 0.006 
at.% 0.350 1.85 0.62 0.028 0.0018 0.011 0.012 

HCHV wt.% 0.140 1.83 0.57 0.013 0.0010 0.007 0.008 
at.% 0.620 1.85 0.62 0.026 0.0018 0.007 0.002 

 
The steel alloys were provided as 3 mm thick hot-rolled plates. I-shaped specimens were 
machined from the center of the plates and are 1 mm thick. The specimen dimensions are 
chosen so that they fit in a furnace [24] employed for applying the heat-treatments to the 
specimens during the in-situ ND and SANS measurements. This furnace uses radiation heating 
from molybdenum-lanthanum wires and helium gas for cooling. K-type thermocouples are 
used for temperature control of the specimens. 
The thermal cycles followed during the in-situ and simultaneous ND and SANS measurements 
are shown in Fig. 5.1. The steels are heated up to TD = 1050 °C (for LCLV specimens) or 1100 
°C (for LCHV and HCHV specimens) with a rate of 5 °C/s and held at this temperature for 15 
min. These temperatures are ~50 °C higher than the precipitate dissolution temperatures of 
each steel according to ThermoCalc [25] calculations (see Table 5.5). At these temperatures 
the steels are fully austenitic and all elements are in solid solution. The specimens are 
afterwards cooled to 650 °C or 700 °C with a cooling rate of about 15 °C/s. The austenite-to-
ferrite phase transformation and precipitation are followed during a 10-hour isothermal 
annealing treatment at these temperatures. Finally, the samples are cooled to room temperature.  
 

 

 
 
 
Fig. 5.1. Thermal cycles applied during the in-situ 
simultaneous ND and SANS measurements. 

 
The in-situ and simultaneous ND and SANS measurements are performed at the Larmor 
Instrument [26] at the ISIS Neutron and Muon Source, STFC Rutherford Appleton Laboratory, 
UK [27]. The experimental set up is schematically shown in Fig. 5.2. The furnace operates 
between the pole shoes of a 3473-70 GMW magnet, which is used to generate a vertical 
magnetic field of 1.5 T (strong enough to magnetically saturate the specimens) perpendicular 
to the neutron beam. The furnace is rotating around its vertical axis in order to minimize 
possible texture effects induced by the materials history, i.e., from the hot-rolling process.  
All contributions to the signal that do not come from the sample are subtracted from the data. 
These contributions are determined through additional ND and SANS measurements 
performed with an empty furnace (without sample but including all other parts, e.g. heat-
shields, etc.) at room temperature while rotating it. The SANS data is normalized to absolute 
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units using the scattering from a reference polymer sample which is a solid blend of 
hydrogenous and perdeuterated polystyrene. The ND as well as the SANS raw data reduction 
is performed using the Mantid framework [28]. 
The size of the incident neutron beam is 8x8 mm2 and the wavelength range for the SANS 
measurements is 0.42-1.33 nm. The SANS detector is a 600×600 mm2 3He tube array with an 
8×8 mm2 pixel size, located at 4.3 m from the sample. The scintillator ND detector [29] consists 
of 128 pixels and is placed on one side of the sample at a distance of 1.15 m from the sample. 
The ND detector measures d-spacing values from 0.07-0.3 nm over a diffraction angle range 
from 49.5 to 76.5o, which corresponds to a wavelength range of 0.11-0.58 nm. Further 
information on the sample environment and the equipment is given in Ref. [24].  
The event-mode data acquisition of the Larmor instrument records both ND and SANS 
scattering events. Using this mode, each neutron event that is detected has its own time stamp. 
This allows the re-binning of the data over preferred time slices to be determined after the 
measurements. Long-time slices provide better statistics and short-time slices a higher temporal 
resolution of the measured phenomena. Due to the fact that the first hour is more critical for 
the phase transformation kinetics, 1-min consecutive time slices are chosen during the first 
hour of annealing and, 5-min time slices every 30 min of measurement time for annealing times 
longer than 1 hour for the ND data ordering. For SANS, 5-min consecutive time slices are 
chosen during the first hour of annealing and 30-min consecutive time slices for annealing 
times longer than 1 hour. 
 

 
Fig. 5.2. Experimental set up of the in-situ simultaneous ND and SANS. 

 
TEM is used to support the SANS data analysis as it provides complementary information on 
the precipitate size and shape. The specimens for TEM are heat-treated in a DIL-805 A/D 
dilatometer using inductive heating under a pressure of 10-2 mbar and cooling by helium gas. 
They have rectangular shapes with dimensions 14×10×1 mm3. The same thermal cycles as the 
ones shown in Fig. 5.1 are applied for all TEM steel samples, with the temperature controlled 
by an S-type thermocouple spot-welded in the center of the specimen. Samples of all steels 
have undergone another heat-treatment consisting of heating them up to the soaking 
temperature, TD, and then directly quenching them to room temperature. These samples are 
used to determine the Prior Austenite Grain Size (PAGS).  
A JEOL 2010 Transmission Electron Microscope with an accelerating voltage of 200 kV is 
used for the TEM investigations. Thin foils were prepared for the TEM analysis. 3 mm diameter 
discs were first extracted from the annealed samples and then ground to 80 μm thickness using 
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a Gatan disc grinder. Electrochemical polishing was performed in a solution of 5% perchloric 
acid (HClO4) and 95% acetic acid at 15 °C and a voltage of 25 V with Struers Tunepol 3. 
As mentioned above, we have found that the magnetic field applied during the in-situ SANS 
and ND measurements affects the austenite-to-ferrite phase-transformation kinetics. This effect 
is prominent when comparing the phase-transformation kinetics observed by dilatometry and 
neutron diffraction. This effect is further investigated by in-situ magnetization measurements 
during isothermal annealing treatments, using a 7307 vibrating sample magnetometer 
calibrated with a National Institute of Standards and Technology (NIST) nickel specimen. The 
samples have a rectangular parallelepiped shape of 2×2×1 mm3 (mass 54.8 mg) and are 
machined from the center of heat-treated dilatometry specimens. A custom made furnace, that 
can heat the samples up to ~900 °C,  is used to apply the required heat-treatments and is placed 
between the poles of the magnet. The magnetization curves are obtained during a similar 
thermal cycle under a magnetic field of 1.6 T. 
 
5.3. Phase transformation kinetics 
5.3.1. Neutron Diffraction data analysis 
 
Neutron diffraction patterns obtained during the thermal cycle allow for a quantitative analysis 
of the phase-transformation kinetics during the isothermal annealing stage of the thermal 
treatment. 
During cooling from the soaking temperature to the isothermal annealing temperature, thus 
before the isothermal holding, the ND patterns do not show any indication of phase 
transformation. Our quantitative analysis of the phase transformation during the isothermal 
holding focuses on the time evolution of the ND peak positions and intensities. The peak 
positions allow the identification of the existent phases while the relative peak intensities (area 
under the diffraction peaks) are used to determine the fraction of each phase at a specific 
moment of the annealing (duration of time slice). An example of the time evolution of the 
diffraction peaks of α-Fe (ferrite) and γ-Fe (austenite) during the first hour of isothermal 
annealing of the HCHV steel at 650 °C is presented in Fig. 5.3. During annealing, austenite is 
transforming to ferrite since the peak area of the austenitic peaks is decreasing while the area 
below the ferrite peaks is increasing. All plots that illustrate the time evolution of the ferrite (α-
Fe) and austenite (γ-Fe) diffraction peaks in the LCLV, LCHV and HCHV steels annealed at 
650 and 700 °C are provided in Appendix C (Fig. C2). 
 

 

 
 
 
 
 
 
Fig. 5.3. Time evolution of the diffraction 
peaks of α-Fe and γ-Fe during the first hour 
of isothermal annealing of the HCHV steel at 
650 °C. The most intense peaks are marked. 

In order to obtain the peak areas and positions, we fit the ND peaks using a back-to-back 
exponential function, which it is the most appropriate function for the analysis of time-of-flight 
diffraction data [30], and accounts for the non-symmetric peak shape arising from pulse shape 
of ISIS’ second target station. The function is calibrated using Si and NaCaAlF standards. In 
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total five ferritic and three austenitic peaks are fitted. Other peaks, such as the austenitic peaks 
of {311} and {222} families, are excluded from the calculations because their intensities are 
very low and comparable to the background. Fig. 5.4 shows, as an example, the resulting peak 
fitting of the diffraction peaks of the LCLV sample during the first minute of annealing at 650 
°C, after subtraction of the background. The red line is the fitting result and the experimental 
points are shown in black. 
 
 

    

    
Fig. 5.4. Peak fitting of the diffraction peaks, yielding both their position and intensity, of 
the LCLV steel during the 1st minute of annealing at 650 °C. 

 
 
Fitting this model yields the peak area and position (d-spacing where the peak intensity is 
maximum) of the eight peaks of interest for each pattern (each time-slice). By applying this 
fitting during the entire annealing time, the evolution of the peak area of all peaks is obtained. 
The area of each ferritic peak is afterwards normalised to the maximum area of this particular 
peak (obtained for each ferrite peak after phase transformation completion). The peak area of 
each austenitic peak is also normalised to its maximum (obtained in the beginning of the 
isothermal annealing). Fig. 5.5 shows the time evolution of the normalized peak intensities for 
5 peaks in the LCLV steel annealed at 650 °C. The data is rather noisy due to counting statistics. 
Nevertheless, the trend of the peak area evolution with time is the same in all steels, which 
brings us to the conclusion that the specific texture in the samples does not affect the derived 
transformed fraction. 
For the final calculation of the phase fraction of ferrite formed during each individual time-
slice, the weighted average of the area fraction evolution of the normalised ferrite and 1-
(normalised austenite) (Fig. 5.5) peak areas is calculated.  
The lattice parameters of austenite and ferrite at 650 and 700 °C are obtained from the positions 
of the diffraction peaks corresponding to each phase. The lattice parameter of each phase at a 
certain temperature is the average value of the lattice parameters calculated from the positions 
of the measured peaks of this phase, averaged also over the annealing period that this phase is 
present. The resulting austenite lattice parameter is aγ-Fe = 0.364 ± 0.006 nm and the ferrite 
lattice parameter is aα-Fe = 0.290 ± 0.001 nm. The effect of temperature on the lattice parameter 
of each phase is not detected since the 2 temperatures are very close.  
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Fig. 5.5. Time evolution of the 
normalized peak intensity area for 3 
ferritic and 5 austenitic peaks for the 
LCLV steel annealed at 650 °C. 

 
 
 
 
5.3.2. Neutron Diffraction results and discussion 
 
The phase transformation kinetics derived from the neutron diffraction data analysis of the 
LCLV, LCHV and HCHV steels at the two annealing temperatures of 650 °C and 700 °C is 
presented in Figs. 5.6a and b. The graphs in Figs. 5.6c and d depict enlarged parts of the plots 
of Fig. 5.6a and b, respectively, showing the phase-transformation kinetics during the first hour 
of annealing. Austenite-to-ferrite phase transformation takes place in all steels at both 
temperatures since the isothermal annealing temperature is lower than the A3 temperature of 
these steels (Table 5.3). In all cases, the phase transformation is completed during the 10 h 
annealing treatment. 
 
 
 
a) 

 

b) 
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c) 

 

d) 

 
Fig. 5.6. Time evolution of the transformed austenite fraction in the LCLV, LCHV and HCHV 
steels at a) 650 °C and b) 700 °C. The graphs in Figs. c and d are enlarged parts of the plots of 
Fig. a and b, respectively, showing the phase transformation kinetics during the first hour of 
annealing. The solid lines in each curve are the fits of the phase transformation kinetics during 
the first minutes of annealing with Eq. (5.1). 

 
 
According to the Kolmogorov-Johnson-Mehl-Avrami (KJMA) equation [31], the transformed 
phase fraction f as a function of annealing time t is given by:  
 
( ) ( )1 exp nf t A t= − − ⋅ ,                     (5.1) 

 
with A the rate constant, which contains information on the nucleation and growth 
characteristics, and n the Avrami exponent. Cahn et al. [32] report that for site-saturated phase 
transformations on grain surfaces n =1 and Eq. (5.1) can be written as: 
 
( ) ( )1 expf t A t= − − ⋅ ,                               (5.2) 

 
where A = 2 . B . v, with B the grain surface-to-volume ratio (in m-1) and v a constant growth 
rate. According to Chen et al. [18], the increase in the ferrite fraction, fα, can be calculated from 
the relation: 
 

 αγ a
αγ γ

γ

dd d
da
ff t d

d t
υ

υ= ⇒ = ,                                 (5.3) 

 
where υαγ is the overall austenite/ferrite interface velocity and dγ is half the prior austenite grain 
size. 
In order to quantify and understand the phase-transformation kinetics of the three alloys during 
annealing at 650 °C and 700 °C, the phase transformation curves plotted in Figs. 5.6c and d are 
fitted to Eq. (5.2). The fits are performed on the data of the first 10 or 20 min of the isothermal 
annealing, depending on the steel composition and annealing temperature, because this is the 
period during which more than half of the austenite is transformed to ferrite (see Figs. 5.6c and 
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d). The quality of the fits is highlighted by the agreement between the (fitted) solid lines and 
the experimental data points shown in Figs. 5.6c and d. For these fits, we use n =1, a value 
which is consistent with the data and indicates that all samples undergo a site-saturated phase 
transformation on grain surfaces with a constant growth rate [32]. This fitting procedure thus 
leads to the determination of the A value for each sample. The interface velocity υαγ which 
reflects the speed of the austenite-to-ferrite phase transformation is calculated from Eq. (5.3) 
as the product of the A value with the half of the prior austenite grain size, dγ. dγ is 
experimentally measured from the dilatometry treated samples heated up to the soaking 
temperature and directly quenched to room temperature. The results are summarized in Table 
5.2. 
 
Table 5.2. The parameter, A, of the phase transformation curves, half the PAGS, dγ, and the 
obtained austenite/ferrite interface velocity, υαγ, for the three steels at two annealing 
temperatures, obtained  by the fits of the in-situ ND patterns. 

 Annealing 
T (°C) 

A  
(min-1) 

PAGS  
(μm) 

dγ  
(μm) 

υαγ  
(μm/s) 

LCLV  650 0.114 ± 0.013 63 ± 3 31.5 ± 1.5 0.060 ± 0.007 
 700 0.101 ± 0.012 63 ± 3 31.5 ± 1.5 0.053 ± 0.007 
LCHV 650 0.096 ± 0.002 66 ± 2 33 ± 1 0.053 ± 0.002 
 700 0.096 ± 0.011 66 ± 2 33 ± 1 0.053 ± 0.006 
HCHV 650 0.090 ± 0.008 62 ± 2 31 ± 1 0.047 ± 0.005 
 700 0.070 ± 0.002 62 ± 2 31 ± 1 0.036 ± 0.001 

 
 
In an attempt to understand the phase-transformation kinetics in the three steels at 650 °C and 
700 °C, in the following we consider resolving the combined effects of vanadium and carbon 
as well as the effect of the precipitates on the velocity of the austenite/ferrite interface, υαγ. υαγ 
is described by the equation [33]:  
 

αγ netM Gυ = ⋅∆  ,                   (5.4) 
 
where ΔGnet is the total driving force for the phase transformation and M is the intrinsic 
mobility of the interface without taking into account the solute drag effect. The interface 
mobility is expressed as [34]: 
 

 o
o exp

R
QM M

T
 = ⋅ − 
 

 ,                  (5.5) 

 
where Mo is a pre-exponential factor, Qo is the activation energy for the transfer of atoms across 
the interface and R is the gas constant (8.31 J mol-1 K-1).  
The total driving force for the phase transformation, ΔGnet, is the chemical driving force for 
phase transformation in the beginning of annealing reduced by the dissipation of Gibbs energy 
caused a) by the diffusion of the solute atoms, i.e. vanadium, carbon and manganese, being 
dragged along with the migrating interface: ΔGdiss

V, ΔGdiss
C and ΔGdiss

Mn, respectively, and b) 
by the Zener pinning force, Pz, caused by the precipitates. The net difference in Gibbs free 
energy available to drive the γ/α interface against the interface friction is: 
 

V C Mn
net chem diss diss diss zG G G G G P∆ = ∆ −∆ −∆ −∆ − .                      (5.6) 
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ΔGchem is obtained for each steel at a certain temperature using the ThermoCalc software. 
Furthermore, the precipitate Zener pinning force can be calculated from [35]: 
 

 V p
z

p

3 f
P

d
γ⋅ ⋅

=  ,                          (5.7) 

 
where fV is the volume fraction of precipitates, dp is the diameter of the precipitates and γp is 
the interface energy between the precipitates and their matrix (taken as 0.5 J/m2 here [36]). 
Combining Eqs. (5.4) and (5.6) leads to: 
 

( )V C Mn
αγ chem diss diss diss zM G G G G Pυ = ⋅ ∆ −∆ −∆ −∆ −   .                      (5.8) 

 
According to the Hillert–Sundman dissipation model, the Gibbs energy dissipation or the solute 
drag force is [37], [38]: 
 

M
diss

d d
d

VG J s
sS

δ

δ

µ
⋅

−

∆ = − ⋅∫ .                  (5.9) 

 
In Eq. (5.9), S

⋅
 is the growth rate (being equal to υαγ in our case), VM is the molar volume, μ is 

the chemical potential of a solute in the α/γ interphase boundary region given by: 
 

 R ln 1j
j

sT x x E Eµ ε
δ

   = ⋅ ⋅ + + + ∆ ⋅ +   
  

∑  ,               (5.10) 

 
and J is the diffusion flux of a solute through the interface: 
 

b

R
D xJ

T s
µ⋅ ∂

= ⋅
⋅ ∂

.                 (5.11) 

 
In Eqs. (5.9), (5.10) and (5.11), x is the solute concentration, δ is half the thickness of the 
boundary, s is a coordinate taking values in the range [-δ,δ], E is the interaction potential of the 
solute to the α/γ interface, ΔE is half the difference in the free energy of solute between ferrite 
and austenite, εj is the Wagner’s parameter reflecting the interaction of the solute with the other 
j solutes, and Db is the diffusion coefficient of a solute inside the interphase boundary (taken 
constant inside the boundary). 
Using Eqs. (5.10) and (5.11), Eq. (5.9) can be finally written as: 
 

b 2
M

diss
αγ αγ

2
R

V D x E xG C
Tυ δ υ
⋅ ∆

∆ = − ⋅ ⋅ ⋅ =
⋅

 ,               (5.12) 

 

where 
b 2

M2
R

V D EC
T δ

⋅ ⋅∆
= − ⋅

⋅ ⋅
, and its value is different for each element, in our case, 

vanadium, CV, carbon, CC, or manganese, CMn, since Db and ΔΕ are different for the three 
elements. 
Based on the above, Eq. (5.8) can be rewritten as: 
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V Mn

V pV C Mn
αγ chem

αγ αγ αγ p

3C fx x xM G C C C
d

γ
υ

υ υ υ
 ⋅ ⋅

= ⋅ ∆ − ⋅ − ⋅ − ⋅ −  
 

  .           (5.13) 

 
The Gibbs energy dissipation as a result of the manganese spike in front of the γ/α interface is 
neglected in these calculations, since the work of Chen et al. [39] shows that this contribution 
is minor when the interface velocity is of the order of 10-7 m/s. The latter study refers to the 
isothermal bainitic ferrite formation at 550 °C and we assume similar trends at 650 °C and 700 
°C, however, this should be further investigated in the future. The Gibbs energy dissipation due 
to the vanadium spike is also neglected here, according to Ref. [15], [40]. The precipitate 
volume fraction and size that are necessary for the Zener pinning force calculation are obtained 
experimentally from the quantitative SANS data analysis described later in this paper. Possible 
energy dissipation due to the presence of curved boundaries that cause pressure increase is 
considered to be negligibly small as in Ref. [41]. 
We use Eq. (5.13) to analyze the behavior of the LCLV, LCHV, and HCHV steels at each 
annealing temperature, 650 °C and 700 °C. By solving the set of the equations, we obtain the 
CV, CC and CMn values and eventually calculate the ΔGdiss

V, ΔGdiss
C and ΔGdiss

Mn. The results 
show that the Gibbs energy dissipation due to carbon segregation at α/γ interfaces, ΔGdiss

C, is 
close to zero and can therefore be neglected. ΔGdiss

C is considered to be zero in other studies 
as well, as for example in Ref. [41]. However, despite the negligible ΔGdiss

C, carbon may have 
an indirect effect on the total Gibbs energy dissipation through its participation in the 
precipitation. 
The derived ΔGdiss

V, ΔGdiss
Mn and Pz and the resulting ΔGnet for the LCLV, LCHV and HCHV 

steels at 650 °C and 700 °C annealing temperatures are summarized in Table 5.3. The errors in 
the ΔGdiss

V and ΔGdiss
Mn are based on the uncertainties (~5 %) introduced by the calculation of 

the interface velocities. 
The intrinsic mobility of the interface is calculated from the fit of the experimental data using 
Eq. (5.13) and it is for each annealing temperature: M650 = 1.5 x 10-10 m mol J-1 s-1 at 650 °C 
and M700 = 2.9 x 10-10 m mol J-1 s-1 at 700 °C. 
The activation energy for the transfer of atoms across the interface, Qo, can also be obtained 
using Eq. (5.8) and it is found to amount to 90 kJ/mol. Ideally, in-situ measurements during the 
austenite-to-ferrite phase transformation in pure iron should be performed in order to determine 
it. A value of 140 kJ/mol for Qo is often mentioned in the literature [42], reported by Krielaart 
and van der Zwaag [34]. Hillert [37] reported a similar value, Qo = 144 kJ/mol, but this was 
experimentally obtained during recrystallization in pure Fe, not during austenite-to-ferrite 
phase transformation. Our Qo = 90 kJ/mol differs substantially from the literature values. The 
precipitation that takes place simultaneously to phase transformation as well as the magnetic 
field that is applied during the measurements significantly affect the mobility, the interface 
velocity and the energy dissipation, eventually resulting in a different Qo value. 
The time evolution of the transformed austenite fraction or, in other words, the ferrite fraction 
evolution during annealing of the LCLV, LCHV and HCHV steels is determined as described 
in Section 5.3.1. Fig. 5.6a shows the results for the annealing temperature of 650 °C and Fig. 
5.6b for 700 °C. Austenite-to-ferrite phase transformation is observed in all steels at both 
temperatures and it is completed during the 10 h annealing treatment in all cases. This is in 
agreement with ThermoCalc calculations which also show that phase transformation takes 
place in all steels, at both temperatures and that the equilibrium ferrite fraction is larger than 
98 % in all cases. The phase-transformation kinetics vary depending on the steel composition, 
i.e. the concentration of vanadium and carbon in each alloy, as well as on the annealing 
temperature. The kinetics is reflected in the calculated velocities υαγ listed in Table 5.2.  
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Table 5.3. List of parameters calculated for the alloys of interest. The A3 temperature and the 
ΔGchem are calculated by ThermoCalc. The ΔGdiss

V, the ΔGdiss
Mn, the Pz and the ΔGnet are 

obtained by solving the set of equations as explained in text. 
Steel Annealing 

T (oC) 
A3  

(oC) 
ΔGchem 
(J/mol) 

ΔGdissV 

(J/mol) 
ΔGdissMn 

(J/mol) 
Pz 

(J/mol) 
ΔGnet 

(J/mol) 

LCLV 650 830 435 53 ± 10  7 ± 21  3  372 ± 23  
 700 830 241 20 ± 10 34 ± 13 2 185 ± 16 
LCHV 650 853 457 117 ± 25  8 ± 24 4 328 ± 35 
 700 853 262 40 ± 11 34 ± 12 3 185 ± 16 
HCHV 650 834 435 131 ± 25 9 ± 27 3 292 ± 37 
 700 834 239 58 ± 14 50 ± 18 4 127 ± 23 
 
 
The derived phase-transformation kinetics curves show that the first hour of annealing, and 
more specifically the first 20 min, are the most critical for the transformation. In all steels after 
20 min more than 80 % of austenite has already been transformed at 650 °C, while at 700 °C 
this fraction is more than 60 %. For all alloys, the kinetics is significantly faster at 650 °C than 
at 700 °C, which we attribute to the larger driving force for phase transformation at the lower 
temperature. However, we note that this difference is very small for the LCHV sample. 
The comparison of the kinetics observed for the different samples gives insight into the effect 
of the different concentrations of vanadium and carbon on the rate of phase transformation. At 
650 °C, the fastest phase-transformation kinetics is measured for the LCLV steel. The kinetics 
for the LCHV steel are slower and the HCHV steel has the slowest phase-transformation 
velocity. After 30 min of annealing the phase transformation has been completed in all steels. 
At 700 °C, during the first 10 min of annealing, the phase transformation in the LCLV and 
LCHV steels occurs with the same rate and with a lower rate in the HCHV steel. However, at 
longer times the transformation in the LCLV steel is not faster than in the other two steels. 
After 40 min of annealing at 700 °C the phase transformation has been completed in the LCHV 
and HCHV steels but not in the LCLV alloy in which 10 h are necessary to complete the phase 
transformation. 
Additions of vanadium and carbon to the steel composition cause the retardation of the phase 
transformation. In each steel, the effect of the element concentrations on the kinetics of phase 
transformation is explained through the Gibbs energy dissipation as described above. The 
different element additions determine the dissipation of the Gibbs energy due to each element, 
ΔGdiss, affecting the total driving force for the phase transformation, ΔGnet, which together with 
the mobility control the ferrite growth velocity. The precipitate pinning force has a small effect 
on the velocity comparing to the effect of energy dissipation.  
At both temperatures, 650 °C and 700 °C, ΔGnet is the largest for the alloy with the lowest 
vanadium and carbon concentration, i.e., for the LCLV. Adding vanadium to the steel causes a 
systematic decrease in ΔGnet (comparison between LCLV and LCHV) and the same trend is 
observed with the addition of carbon (comparison between LCHV and HCHV), despite the 
high uncertainty in the calculations (reflected in the errors). ΔGdiss due to vanadium is 
increasing either by adding vanadium or carbon to the steel, or by lowering the annealing 
temperature, while the dissipation due to manganese is not affected by these factors. 
For each individual alloy annealed at 700 °C, the energy dissipation due to vanadium is smaller 
than at 650 °C, while the opposite trend is observed for the manganese dissipation, leading to 
the conclusion that the temperature effect on the Gibbs energy dissipation can vary between 
the different elements causing the dissipation. According to Eq. (5.12), the annealing 
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temperature affects the energy dissipation directly, but also through its effect on ΔE and the 
diffusion coefficient of each solute. The magnetic field applied during the measurements also 
affects the Gibbs energy dissipation as will be explained in Section 5.3.3.  
 
5.3.3. Effect of the external magnetic field on the phase transformation kinetics 
 
A delay in the onset and time evolution of austenite-to-ferrite phase transformation is observed 
in the results obtained from the ND experiments compared to the ones obtained from the 
dilatometry heat-treatments applied for the TEM sample preparation. An example is shown in 
Fig. 5.7, in which we compare the time evolution of the transformed austenite fraction 
measured by ND and dilatometry for the LCLV steel at 650 °C. These samples have been 
submitted to the same heat treatment and the only difference is that a magnetic field of ~1.5 T 
is applied during the ND measurements. In the following we discuss the effect of the external 
magnetic field on the austenite-to-ferrite phase-transformation kinetics by comparing (zero 
field) dilatometry with in-situ magnetometry under a magnetic field of 1.6 T. 
 

 

 
 
 
 
 
 
 
 
 
Fig. 5.7. Transformed austenite fraction 
measured by ND and dilatometry for the 
LCLV steel at 650 oC. 

 
As the furnace used for the magnetometer measurements is not able to reach temperatures 
higher than 900 °C, we applied a slightly different heat-treatment for this set of samples used 
for dilatometry and magnetometry. For these measurements the samples are first heat treated 
in the dilatometer at 1050 °C for 10 min and then quenched to room temperature in order to 
dissolve the precipitates that are initially present at room temperature (Fig. 5.8a). Afterwards, 
a heat treatment is applied including holding at 900 °C for 10 min to austenitize the sample, 
followed by an isothermal holding at 650 °C for 55 min. The phase-transformation kinetics at 
650 °C is therefore measured by both techniques individually for each alloy. In order to obtain 
the phase-transformation kinetics by magnetometry, the magnetization evolution of the 
specimen is translated to volume fraction evolution of the ferromagnetic phase, i.e. the ferrite 
(austenite is paramagnetic). This is done by normalizing the magnetization at each moment of 
annealing to the maximum magnetization reached after 50 min when the austenite-to-ferrite 
phase transformation is complete. The time evolution of the magnetization during annealing of 
the LCLV at 650 °C is provided in Appendix C (Fig. C3). 
The time evolution of the ferrite phase fraction for the LCLV steel obtained during annealing 
at 650 °C from magnetometry under a magnetic field of 1.6 T is plotted in Fig. 5.8b, together 
with the corresponding fraction obtained from the zero field dilatometry measurements. The 
comparison of the two curves highlights the delay in the phase-transformation kinetics induced 
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by the magnetic field. This delay cannot be explained by the Zeeman energy effect because, 
according to Ref. [43], when a small magnetic field is applied, the critical temperatures for 
phase transformation do not significantly change. In addition, these small changes in the critical 
temperatures due to the magnetic field, would slightly increase the driving force for phase 
transformation accelerating in this way the phase-transformation kinetics. This is contradictory 
to our observations. Possible explanations for the observed retardation of the phase-
transformation kinetics by the magnetic field might be related to a modification of the carbon 
diffusivity below and above the Curie temperature due to magnetostriction [44], as well as 
modification of the grain boundary energy. The magnetization of ferrite above and below the 
Curie temperature, as well as the magnetization of austenite are critical factors for ferrite 
nucleation when a magnetic field is applied. In addition, research is required on the effect of 
the magnetic field on the phase-transformation kinetics in different steels heat-treated at 
different temperatures. The magnetic-field effect may be dependent on the steel composition 
and the annealing temperature. For example, we observe a delay in the phase-transformation 
kinetics in the LCLV steel annealed at 700 °C after 10 min of annealing (Fig. 5.6b), which may 
be due to the magnetic field. It is important to mention here that the magnetic field may 
influence the mobility, M, and the dissipation energy due to different elements which finally 
affect the υαγ, thus it would be interesting if future research could quantify these effects. To 
conclude, more extensive work is required in order to explain the effect of the magnetic field 
on the phase-transformation kinetics. Such a study, however is beyond the scope of this paper. 
 
a)  

 

b) 

  
Fig. 5.8. a) Heat treatment applied to the LCLV steel. b) Comparison of phase transformation 
kinetics of the LCLV steel obtained during annealing at 650 °C by dilatometry (at zero 
magnetic field) and magnetometry (under a magnetic field of 1.6 T). 
 
 
5.4. Precipitation kinetics 
5.4.1. SANS data analysis 
 
The time evolution of the SANS intensity during annealing reveals the precipitation kinetics in 
the studied steels. It is a 2D pattern from which the macroscopic differential scattering cross-
section, (dΣ/dΩ)(Q), can be obtained after background correction and neutron flux calibration 
[45]. (dΣ/dΩ)(Q) is a function of the scattering vector, Q, and has two components, the nuclear, 
(dΣ/dΩ)NUC(Q), and the magnetic, (dΣ/dΩ)MAG(Q), cross sections. These two components 
originate from the strong nuclear interaction of the neutrons with the nuclei and from the 
dipole-dipole interaction of the neutron magnetic moments with the unpaired electrons of the 
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atoms respectively [46]. Due to the specific selection rules of the magnetic scattering, it is 
possible to unambiguously separate the magnetic contribution from the nuclear contribution to 
the cross-section, by applying a magnetic field, high enough to saturate the magnetization of  
the specimen, along a direction contained in the SANS detector plane. In this case, the 
macroscopic differential scattering cross-section equals to [46]: 
 

( ) ( ) ( ) 2

NUC MAG

d d d sin
d d d

Q QΣ Σ Σ ϕ
Ω Ω Ω

     = + ⋅     
     

Q  ,             (5.14) 

 
where φ is the angle between the magnetic field direction and Q. In this study we average 
(dΣ/dΩ)(Q) azimuthally over sectors of 30° around the transmitted neutron beam, oriented 
parallel and perpendicular to the magnetic field, respectively. In this way, we obtain 
(dΣ/dΩ)NUC(Q) and (dΣ/dΩ)NUC(Q) + (dΣ/dΩ)MAG(Q), respectively, and from the difference 
between these two values we calculate (dΣ/dΩ)MAG(Q).  
The determination of (dΣ/dΩ)NUC(Q) requires an accurate background subtraction. Since the 
SANS measurements are performed on samples being heat-treated inside the furnace, the 
background signal consists of the scattering signal from the furnace and from the steel matrix. 
The latter is determined from measurements on a reference steel without precipitates, at 
soaking temperature. Therefore, after background subtraction, (dΣ/dΩ)NUC(Q) contains only 
the scattering from the precipitates. 
Examples of the SANS nuclear differential scattering cross sections obtained at different 
annealing times of the LCLV steel at 650 °C are shown in Fig. 5.9a. The corresponding 
magnetic scattering cross sections are shown in Fig. 5.9b. The SANS cross sections increase 
with time, as expected for precipitation. More SANS results obtained during annealing of the 
LCLV, LCHV and HCHV steels at 650 and 700 °C can be found in Appendix C (Figs. C4-6). 
 
a)  

 

b) 

 
Fig. 5.9. Time evolution of the SANS scattering cross section, corrected for background and 
dislocation scattering, of the LCLV steel annealed at 650 °C. a) nuclear scattering; b) 
magnetic scattering. The solid lines in a) are fits with Eq. (5.15). 

 
(dΣ/dΩ)NUC(Q) is analyzed to obtain quantitative information on the precipitation kinetics, 
which, for a dilute system of precipitates within a homogeneous matrix, is given by [45]: 
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  ∫ ,            (5.15) 

  
where r and V are the precipitate radius and volume, respectively, DN(r) is the precipitate size 
distribution, Δρ2

NUC is the difference in nuclear scattering length density between the matrix 
and the precipitates (nuclear contrast), and P(Q,r) is the orientation-averaged form factor 
reflecting the precipitate shape. For ellipsoidal precipitates, the form factor is [47]: 
  

( ) ( ) ( ) ( )
( )3

sin cos
, 3

Qr Qr Qr
P Q r

Qr
−

= ,                            (5.16) 

where ( )1/22 2 2 2
eq psin cosr R Rψ ψ= +   .              (5.17) 

 
ψ is the angle between the axis of the ellipsoid and the Q, Req is the equatorial radius (radius 
perpendicular to the rotational axis of the ellipsoid) and Rp is the polar radius (radius along the 
rotational axis of the ellipsoid). In this study, the precipitate is modelled as an oblate ellipsoidal 
for all steels, based on TEM analysis (see Fig. 5.10). Fitting trials of the SANS data to model 
the precipitate shape as spherical were initially performed, but it was found that the spherical 
model is not able to describe the precipitate shape for all alloys and annealing temperatures. 
Examples of the precipitate ellipsoidal shape are illustrated in the TEM micrographs of Figs. 
5.10a and b, which correspond to LCLV steel samples annealed at 650 °C and 700 °C, 
respectively. More TEM micrographs can be found in Appendix C (Fig. C7). Note here that 
TEM is used for a qualitative investigation of the precipitate shape in order to contribute to the 
SANS analysis, and not to obtain quantitative information on the precipitate shape and size. 
The reason behind this is in the differences in the phase-transformation and precipitation 
kinetics between the steels heat-treated in the dilatometer without a magnetic field and in the 
furnace under the effect of an external magnetic field. This is explained in detail later in the 
text. 
 
a) 

 

b)  

 
Fig. 5.10. TEM bright field images obtained from thin foils showing the ellipsoidal shape of 
the precipitates. The micrographs correspond to samples from the LCLV steel annealed at a) 
650 °C for 20 min and b) at 700 °C for 2 h. 
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Finally, in Eq. (5.15), the term Δρ2
NUC is the nuclear contrast between the precipitates and the 

matrix. This contrast is composition dependent and can be calculated according to [14]. 
Therefore, Δρ2

NUC is different for the three steels, since the precipitate chemical composition 
varies with the steel composition and the temperature [14]. In the following we assume that all 
precipitates in the same steel annealed at the same temperature have the same composition. 
In order to obtain quantitative information on the precipitation kinetics from the SANS data, 
we fit the (dΣ/dΩ)NUC(Q) curves to the model of Eq. (5.15) using the SasView software [48]. 
The (dΣ/dΩ)MAG(Q) component can also be used for quantifying the precipitation kinetics 
providing the same results as the (dΣ/dΩ)NUC(Q). The corresponding magnetic contrast 
between the precipitates and the matrix, ΔρMAG, is also composition dependent and can be 
calculated as explained in Ref. [14] and in Chapter 4 of this thesis (Eqs. 4.6 and 4.7). In the 
following analysis, we use the (dΣ/dΩ)NUC(Q) curves and fit them to the model of Eq. (5.15). 
For this purpose we assume an oblate ellipsoidal precipitate shape, according to Eqs. (5.16) 
and (5.17), with Req and Rp of the precipitates following a log-normal distribution. The fitting 
parameters of the model are the precipitate-size distribution (i.e., Req, Rp and their log-normal 
distribution) and the precipitate volume fraction, fV, for each SANS curve that corresponds to 
a specific time-slice of annealing. The precipitate number density, Np, is eventually calculated 
from the fV, Req and Rp values, taking into account the volume of the oblate ellipsoidal: 
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                   (5.18) 

 
It is important to note that the (dΣ/dΩ)NUC(Q) curves measured during cooling from the 
austenization temperature to the isothermal temperature indicate that no precipitation is taking 
place before the isothermal annealing temperature is reached. Indeed, the SANS curves 
captured during cooling (1 min time-slices) and those at the soaking temperature overlap. 
In a dual phase system and for small precipitate volume fractions, the precipitate volume 
fraction is expressed as [46]: 
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,                  (5.19) 

 
where the invariant Qo,NUC is the area under the Kratky plot curve, Q2(dΣ/dΩ)NUC(Q) vs Q plot, 
given by: 
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From Eq. (5.19), it is clear that the precipitate’s chemical composition and consequently 
Δρ2

NUC, determine the resulting precipitate volume fraction values. The determination of the 
precipitate’s chemical composition, size and volume fraction is thus challenging and strongly 
depends on the concentration gradients around the precipitate. 
For precipitates with a vanadium-rich core and an iron-rich shell as considered in Ref. [14] and 
as shown in Fig. 5.11, representation I, the precipitate size depends on the size of the iron 
concentration in the outer part of the precipitate. For short annealing times, the size of the iron-
rich shell is large and the size of the vanadium rich core is small, giving a small overall 
precipitate contrast when interacting with the neutrons. According to Eq. (5.19), this results in 



106 
 

large precipitate volume fraction values. Since the concentration of iron in the precipitates is 
found to decrease with annealing time [14], the effective size of the iron shell decreases, giving 
rise to a continuous increase of Δρ2

NUC during annealing. This change in the contrast, however, 
would according to Eq. (5.19) lead to an unrealistic decrease of the precipitate volume fraction 
with time, even though in reality the vanadium-rich core is increasing in size. This evolution 
of the precipitate volume fraction is plotted in Fig. 5.12, curve I. The missing points in Fig. 
5.12 are due to an interruption of the neutron beam. In this case, the precipitate profile can, for 
a certain moment of annealing, be mimicked as shown in Fig. 5.11 for the precipitate 
representation I.  
For a quantitative analysis of the precipitate volume fraction evolution, one may consider an 
effective precipitate core with a homogenous composition that remains constant during 
annealing. The composition of the core can be for example, either the equilibrium composition 
as calculated by ThermoCalc, or the stoichiometric composition of the pure vanadium carbide 
(VC). The corresponding precipitate profiles in each case are depicted in Fig. 5.11, cases II and 
III, respectively. The effective precipitate size is described by the effective precipitate volume, 
Veff, and in the case of ellipsoidal precipitates, by the two effective ellipsoidal radii, Req,eff and 
Rp,eff. In this way, when considering this effective precipitate size, i.e. the size of the precipitate 
core, an effective precipitate volume fraction, fV,eff, can be obtained, which is related to fV from 
Eq. (5.19): 
 

2
NUC

V,eff V2
NUC,eff

f fρ
ρ
∆

= ⋅
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  .                (5.21) 

 
In Eq. (5.21), Δρ2

NUC is the contrast of the (FexMnzV1-x)Cy precipitates according to [14], and 
fV is the corresponding volume fraction. The fV,eff is the effective precipitate volume fraction 
corresponding to the Δρ2

NUC,eff used, for either the precipitates of representation II or III. 
 

 
Fig. 5.11. Precipitate effective size and volume fraction at a certain moment of annealing. 
Precipitate representation I with volume fraction fV and composition according to Ref. [14], 
precipitate representation II with effective volume fraction fV,eff,ThermoCalc and equilibrium 
composition from ThermoCalc, and precipitate representation III with effective volume 
fraction fV,eff,VC and composition of the stoichiometric vanadium carbide. 

 
 
The fitting of Eq. (5.15) can be performed using either the nuclear contrast values, Δρ2

NUC,eff, 
for precipitates with the equilibrium composition that ThermoCalc predicts (representation II, 
Fig. 5.11) or the stoichiometric VC composition (representation III, Fig. 5.11). The values of 
Δρ2

NUC,eff used for all three steels are listed in Table 5.4. 
The precipitate volume fraction resulting from the fit of the time evolution of the SANS 
intensity in the LCLV steel during annealing at 650 °C is shown as an example in Fig. 5.12 for 
the precipitate representations I, II and III. The precipitation kinetics of the precipitates of 
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representations II and III show the same trend. The corresponding curves for the LCLV steel 
annealed at 700 °C and for the LCHV and HCHV steels annealed at both 650 °C and 700 °C 
are presented in Appendix C (Fig. C8). 
 
 
Table 5.4. The nuclear contrast values, Δρ2

NUC,eff, used to calculate the “effective” volume 
fraction of the precipitates with composition that ThermoCalc predicts (precipitate 
representation II, Fig. 5.11) and with the stoichiometric VC composition (precipitate 
representation III, Fig. 5.11) in all three steels. 
Steel Annealing 

T (oC) 
Δρ2NUC,eff 
x10-7 nm-4 

case II 

Precipitate composition by 
ThermoCalc 

Δρ2NUC,eff 
x10-7 nm-4 

case III 

VC 

LCLV 650 1.42 (Fe0.156V0.84Mn0.006)C0.872 1.88 VC 
 700 1.50 (Fe0.133V0.86Mn0.004)C0.869 1.85 VC 
LCHV 650 1.99 (Fe0.049V0.95Mn0.001)C0.839 1.88 VC 
 700 1.94 (Fe0.050V0.95Mn0.001)C0.843 1.85 VC 
HCHV 650 1.49 (Fe0.140V0.86Mn0.005)C0.871 1.88 VC 
 700 1.51 (Fe0.130V0.87Mn0.004)C0.869 1.85 VC 

 
 
In the following discussions, we refer to the precipitates of representation II, i.e. we present the 
precipitation kinetics of the effective volume fraction fV,eff,ThermoCalc, and the corresponding radii 
and volume. 
 

 

 
 
 
 
Fig. 5.12. Time evolution of the precipitate 
volume fraction in the LCLV alloy during 
annealing at 650 °C, calculated in different ways 
as described in the text. I, II and III sets 
correspond to the I, II and III precipitate 
representations of Fig. 5.11. 
 

 
 
5.4.2. SANS results and discussion 
 
The precipitation kinetics in the LCLV, LCHV and HCHV steels during isothermal annealing 
at either 650 °C or 700 °C as obtained from the fitting of the (dΣ/dΩ)NUC(Q) is shown in Figs. 
5.13a-i, where we depict the time evolution of the precipitate effective volume fraction (for 
precipitates with equilibrium composition from ThermoCalc), number density and size. The 
error bars in all plots originate from the fits of the SANS data and are thus related to the 
counting statistics. Therefore, the larger error bars at short annealing times, i.e. at the beginning 
of the isothermal holding, are due to the short measuring times and the consequently lower 
counting statistics.  
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Precipitation takes place in all three steels at both annealing temperatures. The effective 
precipitate volume fraction increases during annealing in all cases, as shown in Figs 5.13a-c, 
but the equilibrium volume fraction as calculated from ThermoCalc and presented in Table 5.5 
is not reached in any of the steels. This means that after 10 h of annealing there is still 
supersaturation of vanadium in solid solution in the ferrite matrix. In Appendix C, we provide 
graphs (Fig. C9) showing the time evolution of the fraction of vanadium in solid solution and 
in the precipitates during annealing in all steels. At each annealing temperature, the final 
precipitate volume fraction after 10 h of annealing in the HCHV steel is approximately twice 
the corresponding volume fraction in the LCLV and LCHV alloys. The precipitate volume 
fraction in all steels is larger at 700 than at 650 °C during the entire annealing period of 10 h.  
Comparable behavior is observed for the effective precipitate size. Figs. 5.13d-f and 5.13g-i 
show the increase in the precipitate size with annealing time and manifest the presence of larger 
precipitates at 700 °C in all steels. The precipitate shape is modelled as oblate ellipsoidal as 
explained above. The ratio Req/Rp is smaller at 650 °C than at 700 °C for all steels. The average 
Req/Rp ratio during annealing is 2.9, 3.0 and 2.9 for the LCLV, LCHV and HCHV steels at 650 
°C, respectively, and 18.3, 12.3 and 5.4, for the LCLV, LCHV and HCHV steels at 700 °C, 
respectively. 
According to the Zener model [49], [50], the time evolution of the precipitate radius at the early 
stages of growth is given by:  
 

( ) ( )V sR t D t t∝ −  ,                 (5.22) 
 
where t is the time of annealing, ts is the time when nucleation occurs and DV is the diffusion 
coefficient of vanadium in the ferrite matrix. During this stage, the diffusion fields of the 
neighboring precipitates do not overlap and coarsening does not take place. Since the diffusion 
coefficient of vanadium is larger at higher temperatures, for all steels the precipitates formed 
at 700 °C are larger than those formed at 650 °C.  
The precipitate number density evolution in all alloys is shown in Figs. 5.13g-i. The number 
density is higher during the first minutes of annealing and gradually decreases after ~100 min. 
This implies that precipitate coarsening is taking place since the precipitate volume fraction is 
continuously rising during this period. The HCHV steel exhibits a larger volume fraction and 
number density of precipitates after 10 h of annealing compared to the LCLV and LCHV steels 
due to its higher vanadium and carbon concentrations. 
In all steels, more precipitates are formed at 650 °C than at 700 °C. The driving force for 
nucleation of vanadium carbides in ferrite is calculated by ThermoCalc and is given for the 
three alloys and the two isothermal holding temperatures in Table 5.5. The nucleation rate of 

the precipitates, N
•

, depends on the driving force for precipitation [51]: 
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In Eq. (5.23), T is the temperature, kB the Boltzmann constant and QD the activation energy for 
the vanadium diffusion. ΔG* is the activation energy for the nucleation of the precipitates 
described by [51]: 

( )
*

2
V s

G
G g
Ψ

∆ =
∆ −

 ,                 (5.24) 

 



109 
 

where ΔGV is the chemical driving force for the precipitate nucleation, gs is the strain energy 
due to nucleation, and Ψ is a parameter containing details on the energies of the interfaces 
involved in nucleation and the shape of the nucleus [52]. 
Due to the larger driving force for precipitation when the isothermal annealing is performed at 
a lower temperature (Eq. (5.23)), a larger density of precipitates is observed at 650 °C. The 
presence of larger and fewer precipitates at 700 °C than at 650 °C in all steels is confirmed by 
TEM investigations (e.g. Figs. 5.10a and b referring to the LCLV steel). 
 
 

 
 
Fig. 5.13. Time evolution of the effective a-c) volume fraction, d-f) polar and equatorial 
mean radii, g-i) volume and j-l) number density of the precipitates in all steels during 
annealing at 650 and 700 °C. 
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Table 5.5. Precipitate dissolution temperature, TD, driving force for precipitation in ferrite, 
ΔGV,p, equilibrium precipitate volume fraction, fV,equil, for the alloys of interest calculated 
by ThermoCalc, and measured volume fraction after 10 h of annealing, fV,eff - 10h. 
Steel TD (oC) Annealing  

T (oC) 
ΔGV,p 

(kJ/mol) 
fV,equil  
(%) 

fV,eff - 10h 
(%) 

LCLV 990 650 24.3 0.56 0.19 
 990 700 21.0 0.52 0.27 
LCHV 1060 650 26.9 0.64 0.16 
 1060 700 23.7 0.63 0.25 
HCHV 1069 650 28.8 1.08 0.37 
 1069 700 25.8 1.06 0.47 

 
 
5.5. Interaction between the phase transformation and precipitation kinetics 
 
In-situ simultaneous ND and SANS experiments have been performed in steels with different 
concentrations of vanadium and carbon. The coupling of the SANS to ND results allows 
studying the relation between the precipitation kinetics and phase-transformation kinetics 
during annealing at 650 or 700 °C. The time evolution of the size, number density and volume 
fraction of the precipitates in the LCLV, LCHV and HCHV steels is presented in Fig. 5.14, 
together with the evolution of the transformed austenite fraction in each steel at each annealing 
temperature.  
As illustrated in Fig. 5.14, in all steels the precipitation takes place during and after the phase 
transformation and the precipitation kinetics follow the phase-transformation kinetics. This 
indicates that the austenite-to-ferrite phase transformation initiates the vanadium carbide 
precipitation. The precipitate number density at 650 °C is larger than at 700 °C, not only due 
to the larger driving force for precipitation at the lower temperature as explained above, but 
also due to faster phase-transformation kinetics at 650 °C. We also measure a higher precipitate 
growth rate and larger precipitates at 700 °C than at 650 °C (Fig. 5.13j-l) because of the faster 
diffusion of vanadium at the higher temperature. The slower phase-transformation kinetics at 
700 °C may also lead to higher aspect ratios between the precipitate ellipsoidal radii, Req/Rp, 
because vanadium diffusion along the austenite/ferrite interface is faster than perpendicular to 
the interface. This may lead to faster precipitate growth along the interface compared to growth 
perpendicular to the interface. 
The promoted precipitation during the phase transformation is attributed to the solubility 
decrease of the vanadium and carbon when austenite transforms to ferrite, increasing the 
driving force for precipitation [5]. Since austenite-to-ferrite phase transformation takes place 
in all alloys at both temperatures, precipitates are detected in all cases. 
The precipitate number density, size and volume fraction increase during austenite-to-ferrite 
phase transformation. This is an indication that the precipitation takes place at the migrating 
austenite/ferrite interface during the phase transformation, i.e. interphase precipitation. During 
phase transformation, the precipitate nucleation and growth are dominant over coarsening. 
When phase transformation is complete, the precipitate growth and coarsening are dominant 
since the precipitate number density does not increase while the precipitate size and volume 
fraction increase with time (Fig. 5.14). In all steels apart from the LCLV annealed at 700 °C, 
precipitate coarsening is observed since the number density decreases after having reached a 
maximum (Figs. 5.14a, c-f). The precipitation kinetics in the LCLV steel at 700 °C do not reach 
the coarsening stage (number density continuously increasing – Fig. 5.14b). This is attributed 
to the slow phase transformation kinetics in this steel at longer annealing times (Fig. 5.6d). 
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It is important to note that, even though the phase transformation is complete after 10 h of 
annealing of all three steels at both temperatures, the precipitation phenomenon is not complete. 
fV has not reached a plateau but is continuously increasing (Figs. 5.13a-c). According to 
ThermoCalc calculations (Table 5.5, column 5), the precipitate volume fraction, fV, has not 
reached the equilibrium value after 10 h of annealing. 
 
a) 

 

b) 

 
c) 

 

d) 

 
e) 

 

f) 

 
Fig. 5.14. Austenite-to-ferrite phase transformation kinetics and precipitation kinetics during 
the 10 h isothermal annealing of the LCLV, LCHV and HCHV steels at 650 and 700 °C. The 
time evolution of the transformed austenite fraction, the precipitate volume fraction and 
number density are plotted. 
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In a previous study the precipitation kinetics in the LCLV and in the HCHV steels at 650 °C 
was measured by ex-situ SANS [16], in samples heat treated in a dilatometer before the SANS 
measurements. Differences are observed between the precipitation kinetics obtained by in-situ 
and ex-situ SANS in the same steels with the same heat-treatments. Since the applied magnetic 
field during the in-situ SANS measurements retards the austenite-to-ferrite phase-
transformation kinetics, and the phase-transformation kinetics drive the precipitation kinetics, 
the different precipitation kinetics obtained by in-situ SANS are attributed to the effect of the 
magnetic field. The retardation of phase transformation, i.e., the slower movement of the 
austenite/ferrite interface, results in a lower precipitate nucleation rate which leads to lower 
precipitate number densities and smaller precipitate volume fractions. These differences are 
presented in Figs. 5.15a and b for the LCLV alloy annealed at 650 °C as an example. Note here 
that the precipitation kinetics analysis for the ex-situ SANS measurements is performed 
considering VC precipitates (representation III, Fig. 5.11). 
 
a) 

 

b) 

 
Fig. 5.15. Time evolution of the precipitate a) volume fraction and b) number density in the 
LCLV steel annealed at 650 °C, obtained by ex-situ SANS in dilatometry heat-treated 
specimens and by in-situ SANS during the applied thermal cycle and under an external 
magnetic field of 1.5 T. 

 
 
Finally, regarding the precipitate size, larger precipitates are observed during the in-situ SANS 
measurements [16]. Slower phase-transformation kinetics leads to a higher accumulation of 
vanadium in the austenite/ferrite interface, thus, vanadium has time to diffuse into the 
precipitates and accelerate their growth. Since, as explained above, the accumulated vanadium 
atoms diffuse faster along the interface than perpendicular to it, higher aspect ratios between 
the precipitate ellipsoidal radii, Req/Rp, are promoted due to the slower phase-transformation 
kinetics when an external magnetic field is applied.  
Since we observe that the precipitation kinetics are affected by an external magnetic field due 
to its effect on the phase transformation kinetics, the TEM analysis in the dilatometry heat-
treated samples (without magnetic field) is used to obtain qualitative information on the 
precipitates shape, i.e. the precipitate shape can be modelled as ellipsoid. Quantitative 
information such as the aspect ratio between the precipitate ellipsoidal radii and the exact 
precipitate size are obtained from the fit of the SANS data. 
Moreover, in a recent study [14], we measured the precipitates chemical composition evolution 
during annealing at 650 °C and 700 °C in the same LCLV, LCHV and HCHV alloys. We have 
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observed faster increase in the vanadium metal fraction in the precipitates when increasing the 
alloying elements content, either the vanadium or the carbon concentration. Correlating this 
finding to the phase transformation and to the precipitation kinetics, the austenite-to-ferrite 
phase transformation is more sluggish when adding vanadium or carbon to the steel nominal 
composition, allowing more time for the vanadium to diffuse to the precipitates, increasing 
their vanadium concentration. 
So far, the effect of the austenite-to-ferrite phase-transformation kinetics on the precipitation 
kinetics is discussed. The effect of the precipitation on the phase transformation should also be 
addressed. The precipitation may affect the phase transformation in three ways [42]. The first 
is through the pinning force, Pz, that they induce which contributes to the reduction of the α/γ 
interface velocity as described in Eqs. (5.6) and (5.7). The second effect originates from the 
fact that a fraction of vanadium is consumed in the precipitates, reducing the vanadium 
concentration in solid solution and weakening the solute drag effect due to vanadium, 
eventually promoting a higher phase transformation velocity. Adding vanadium to the steel 
nominal composition (comparison between LCLV and LCHV alloys), results in a higher 
vanadium concentration that is in solid solution (Fig. C9 in Appendix C – see vanadium in 
solid solution the first minutes of annealing). Consequently, the energy dissipation due to the 
solute drag of vanadium is higher in the LCHV than in the LCLV steel (Table 5.3), retarding 
the phase-transformation kinetics in the LCHV steel, compared to the LCLV steel. The third 
effect is related to the role of carbon. When interphase precipitation takes place, there is carbon 
consumption at the interphase boundary due to the precipitate formation. Therefore, there is no 
long-range diffusion of carbon, which otherwise would diffuse in the residual austenite, 
retarding the phase transformation kinetics. 
 
5.6. Summary and conclusions 
 
In-situ and simultaneous ND and SANS measurements in steels with different vanadium and 
carbon concentrations provide a unique insight into the interaction between the austenite-to-
ferrite phase transformation and the precipitation kinetics during isothermal annealing at 650 
and 700 °C. The conclusions of the in-situ studies are the following: 
- Austenite-to-ferrite phase transformation is observed in all steels during annealing at 650 °C 
and 700 °C, and the transformation kinetics depends on the temperature and on the alloy 
composition. Faster kinetics at 650 °C than at 700 °C is measured in all alloys due to the larger 
driving force for phase transformation at lower temperatures.  
- Additions of vanadium and carbon to the steel composition cause the retardation of the onset 
of phase transformation. At both temperatures, the net driving force for phase transformation 
is the largest for the low-carbon low-vanadium alloy, while adding vanadium or carbon to the 
steel causes a decrease in the net driving force, as a result of an increase in the energy 
dissipation due to vanadium solute drag. 
- In all steels, the austenite-to-ferrite phase transformation initiates the vanadium carbide 
precipitation. This is attributed to the decrease of the solubility of vanadium and carbon when 
austenite transforms to ferrite, increasing the driving force for precipitation.  
- The precipitate number density, size and volume fraction increase during the phase 
transformation in all steels, indicating that the precipitation takes place at the migrating 
austenite/ferrite interface during the phase transformation. After the completion of the phase 
transformation, the precipitates grow and coarsen. Larger and fewer (~1-2 orders of magnitude) 
precipitates are measured at 700 °C than at 650 °C in all steels, and a larger density of 
precipitates in the steel with the higher concentration of vanadium and carbon. The precipitate 
number density at 650 °C is higher than at 700 °C due to the larger driving force for 
precipitation and to the faster phase-transformation kinetics at the lower temperature. The 
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larger precipitate growth rate and the larger precipitate size is measured at 700 °C compared to 
650 °C is attributed to the faster diffusion of vanadium at the higher temperature. 
- Ellipsoidal precipitates are detected in all conditions, indicating faster precipitate growth 
along the austenite/ferrite interface than perpendicular to it because of the faster vanadium 
diffusion along the interface. The slower phase transformation kinetics at 700 °C enable more 
time for the vanadium diffusion along the austenite/ferrite interface and lead to higher aspect 
ratios between the precipitate ellipsoidal radii. The polar radius, Rp, of the precipitates evolves 
in the range of 1-4 nm in all conditions, while the radius in the equatorial plane, Req, can reach 
maximum values from 10 to 50 nm, depending on the alloy and the annealing temperature. 
- An interesting outcome is the delay in the onset and time evolution of the phase transformation 
due to the external magnetic field applied during the in-situ measurements, which consequently 
affects the precipitation kinetics, i.e. fewer and larger precipitates are formed. This once more 
confirms the coupling between the phase transformation and the precipitation kinetics. 
Overall, our in-situ investigations provide quantitative information on the interaction of the 
austenite-to-ferrite phase-transformation kinetics with the vanadium-carbide precipitation 
kinetics. The outcome of this study can open new horizons in acquiring valuable quantitative 
data during the processing of steels with different compositions. The quantitative results can 
contribute to modelling and eventually predicting the precipitation and phase-transformation 
kinetics in steels which can lead to the optimization of steel design for automotive applications 
with reduced energy consumption. 
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Appendix A 
 
Supplementary material to Chapter 2 
 
A1. Precipitation kinetics at 900 °C and at 750 °C 
 
The graphs in Figs. A1a and b show the nuclear and magnetic scattering cross sections, 
(dΣ/dΩ)(Q), of the LCLV and HCHV steels, respectively, that have followed an isothermal 
annealing treatment at 900 °C and 750 °C for 10 hours. These SANS components are compared 
to the nuclear and magnetic scattering intensity of the specimen of each steel that is directly 
quenched from the soaking temperature to room temperature. The directly quenched specimen 
is fully martensitic and does not contain any precipitates. In Figs. A1a and b, it is shown that 
there is no increase in the nuclear intensity curve after annealing for 10 hours at 900 °C or at 
750 °C with respect to the nuclear intensity of the directly quenched specimen. The same 
behaviour is observed for the magnetic scattering components in both steels, from which we 
conclude that no precipitates are detected at 900 °C and at 750 °C after 10 hours of annealing. 
All these curves follow a Q-4 behaviour (Porod’s Law), indicating that scattering originates 
from objects like grain boundaries and interfaces [1],[2],[3]. No deviations from the Q-4 
behaviour are observed, confirming that precipitates are not detected in any of these conditions. 
The absence of precipitates at 900 °C and at 750 °C in both steels is closely related to (near) 
absence of the austenite-to-ferrite phase transformation, based on dilatometry and SEM. Since 
austenite-to-ferrite phase transformation does not take place at 900 °C in both steels and at 750 
°C in HCHV steel, and due to the high solubility of the vanadium carbide precipitates in 
austenite, precipitates are not formed in these conditions. Precipitates are also not detected in 
the LCLV steel at 750 °C after 10 hours of isothermal holding, although a small fraction of 
austenite is transformed to ferrite in this steel. Nucleation of precipitates might have started in 
this condition, however, the precipitates size and volume fraction are expected to be extremely 
small and therefore not detectable by the SANS technique.  
 
 
a) 

 

b) 

 
Fig. A1. Nuclear and magnetic differential scattering cross sections as a function of Q of a) 
LCLV and b) HCHV steels after annealing at 900 °C or at 750 °C for 10h and quenched to room 
temperature. They are compared to the scattering of the specimen directly quenched from 
soaking to room temperature. 
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Appendix B 
 
Supplementary material to Chapter 4 
 
B1. Small-Angle Neutron Scattering measurements 
 
The experimental configuration of the Small-Angle Neutron Scattering (SANS) measurements 
is shown in Fig. B1. The furnace components, the detector plane and the magnetic field 
direction are illustrated. 
 

 

 
 
 
 
 
 
 
 
Fig. B1. Experimental 
configuration of the 
SANS measurements 

 
 
 
B1.1. Nuclear and magnetic SANS components 
 
The differential scattering cross sections of the LCLV, LCHV and HCHV steels obtained by 
in-situ SANS during annealing at 650 °C and at 700 °C are shown in the graphs of Figs. B2a-
l. These curves are obtained after the background subtraction, therefore consist only of the 
precipitation scattering contribution. The subtracted background signal consists of the furnace 
scattering contribution and the scattering from a steel without precipitates (obtained from the 
scattering of the samples at soaking temperature). The SANS intensity during cooling (obtained 
by using 1 min time-slice) was compared to the SANS signal at high temperature and the curves 
are overlapping, indicating no precipitation before the isothermal annealing temperature is 
reached. 
Four representative time slices are chosen and the SANS intensity time evolution during 
isothermal holding is shown. The nuclear scattering curves of the LCLV, LCHV and HCHV 
steels at 650 °C are plotted in Figs. B2a, c and e, respectively, and their corresponding magnetic 
components in Figs. B2b, d and f. Likewise, the nuclear scattering curves of the LCLV, LCHV 
and HCHV steels at 700 °C are shown in Figs. B2g, i and k, while their magnetic components 
in Figs. B2h, j and l. 
For all steels, both nuclear and magnetic intensities are increasing with time due to 
precipitation, and the amount of intensity increase depends on the volume fraction of the 
precipitates formed. In all steels, the intensity increases more rapidly during the first hour of 
annealing indicating faster kinetics in the beginning of annealing. The intensity curves 
belonging to shorter annealing times have larger error bars because of the shorter time slices. 
The errors are smaller when longer time slices are chosen. 
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c) 

 

 
d)  

 
 
 
e) 

 

 
 
f)  

 

LCHV 650oC LCHV 650oC 
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g) 

 

h) 

 
i) 

 

j)  

 
k) 

 

l) 

 
Fig. B2. Nuclear differential scattering cross sections during annealing of the: LCLV steel 
at a) 650 and g) 700 °C, LCHV steel at c) 650 and i) 700 °C and HCHV steel at e) 650 and 
k) 700 °C. The corresponding magnetic differential scattering cross sections are plotted in 
b), h), d), j), f) and l), respectively. The scattering curves of selected times are shown. 

LCHV 700oC LCHV 700oC 
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B1.2. Q-independency of the experimental (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio 
 
 
As explained in Chapter 4, the in-situ SANS measurements allow for an optimum background 
subtraction and therefore for an accurate precipitate signal collection. If the magnetic saturation 
is reached, the precipitates have the same nuclear and magnetic size. As a result, the 
(dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio is related only to the composition of the precipitates and is free 
from any other contributions, i.e. the experimental (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio is equal to 
Δρ2

NUC/Δρ2
MAG and it should not be Q dependent in each individual time slice.  

In other words, the inconsiderable Q dependency of the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio is critical 
for the precipitate chemical composition analysis. It is the required condition so that the 
equation 
 

( )

( )

( )
( )

2
NUCNUC

2
MAG

MAG

d
d
d
d

Σ Q
Ω
Σ Q
Ω

 
  ∆  =
  ∆
 
 

ρ
ρ

                (Eq. 4.4, Chapter 4) 

 
is valid. Only if this criterion is met, the ratio is determined only by the chemical composition 
of the precipitates. 
The plots in Figs. B3a-h are examples of the Q independency of the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG 
ratio (through same Q dependency of the nuclear and the magnetic components) in LCLV, 
LCHV and HCHV steels annealed at 650 °C and 700 °C for some selected time slices. Figs. 
B3a-d belong to LCLV, B3e-h to LCHV and B3i-l to HCHV specimens. 
Deviations from the same Q dependency of the nuclear and the magnetic components in the 
low-Q area are attributed to the large scatter in the values during that time slice because of the 
counting statistics. The contribution of these points to the calculations is minimized by the use 
of the weighted average for the (dΣ/dΩ)NUC/(dΣ/dΩ)MAG ratio over Q for each time slice. 
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g) 

 

h) 

 
i) 

 

j) 

 
 
k) 

 

 
l) 

 
Fig. B3. Representative curves of nuclear and magnetic differential scattering cross sections vs 
Q of the a-d) LCLV, e-h) LCHV and i-l) HCHV specimens annealed at 650 °C and 700 °C. 
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B2. Atom Probe Tomography measurements 
 
B2.1. 3D APT maps of V and C atoms 
 
Fig. B4 shows representative 3D vanadium and carbon atom maps in the same tip belonging to 
a LCLV steel sample annealed at 650 °C for 10 h. The vanadium and carbon rich regions 
correspond to vanadium carbides. 
 

 

 
 
 
 
 
 
 
 
Fig. B4. From left to right: 3D APT maps 
of V atoms and C atoms in a tip belonging 
to a LCLV steel sample annealed at 650 
°C for 10 h. 

 
 
 
B2.2. APT Proximity Diagrams 
 
Proximity Diagrams (proxigrams) based on iso-concentration surfaces (iso-surfaces) of 2 at%V 
are used to provide the precipitates’ chemical composition profile. The 1D composition profiles 
of two precipitates in each steel annealed at 650 °C for 10 h are presented in Figs. B5-7 as a 
proof of the presence of precipitates with different substoichiometric ratios.   
 
 

a) 

 

b) 

 
Fig. B5. Representative proximity diagrams of two precipitates differing in stoichiometry in the 
LCLV steel annealed at 650 °C for 10 h. In a), the carbon-to-metal ratio is closer to the 
stoichiometric ratio than in b). 
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a) 

 

b) 

 
Fig. B6. Representative proximity diagrams of two precipitates differing in stoichiometry in the 
LCHV steel annealed at 650°C for 10 h. In a), the carbon-to-metal ratio is closer to the 
stoichiometric ratio than in b). 
 
 
a) 

 

b) 

 
Fig. B7. Representative proximity diagrams of two precipitates differing in stoichiometry in 
the HCHV steel annealed at 650°C for 10 h. In a), the carbon-to-metal ratio is closer to the 
stoichiometric ratio than in b). 
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Appendix C 
 
Supplementary material to Chapter 5 
 
C1. Phase transformation kinetics by neutron diffraction 
 
The first step in the neutron diffraction data analysis is subtracting the background signal 
(empty furnace measurement) from the overall signal (consisting of background + specimen 
signal). In this way, the signal originating only from the sample is isolated. Fig. C1 shows the 
diffraction patterns of the empty furnace and the steel specimen after the background 
subtraction, during the 10th min of isothermal holding of the LCLV steel at 650 °C. The 
diffraction pattern obtained from the empty furnace is recorded at room temperature. This 
pattern is considered to be the background signal and is subtracted from the diffraction signals 
obtained from the steel specimen. 
 
 

 
 
Fig. C1. Diffraction patterns of the empty furnace and the steel specimen after background 
subtraction, obtained during the 10th min of isothermal holding of the LCLV steel at 650 °C. 

 
 
The time evolution of the ferrite and austenite diffraction peaks in the LCLV, LCHV and 
HCHV steels during the first hour of isothermal annealing at 650 °C and at 700 °C is presented 
in Fig. C2. During annealing, austenite is transforming to ferrite therefore the peak area of the 
austenitic peaks is decreasing while the area below the ferritic peaks is increasing. 
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a) 

 

b) 

 

c) 

 
d) 

 

e) 

 

f) 

 
 
Fig. C2. Time evolution of the diffraction peaks of α-Fe and γ-Fe during the first hour of the 
isothermal annealing of the a) LCLV, b) LCHV and c) HCHV steels at 650 °C, and of the d) 
LCLV, e) LCHV and f) HCHV steel at 700 °C. The most intense peaks are marked. 

 
 
In Chapter 5, we explain the delay in the onset and time evolution of austenite to ferrite phase 
transformation in the results obtained from the neutron diffraction experiments compared to 
the ones obtained from the dilatometry heat-treatments. We discuss the effect of the external 
magnetic field on the austenite-to-ferrite phase-transformation kinetics by comparing (zero 
field) dilatometry with in-situ magnetometry under a magnetic field of 1.6 T. The time 
evolution of the magnetization during annealing of the LCLV steel at 650 °C is presented in 
Fig. C3 below. 
 
 

 

 
 
 
 
 
 
 
 
 
Fig. C3. Time evolution of the magnetization 
during annealing of the LCLV steel at 650 °C. 
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C2. Precipitation kinetics by Small-angle Neutron Scattering 
 
 
The plots in Figs. C4-C6 include the SANS nuclear and the magnetic differential scattering 
cross sections of the LCLV, LCHV and HCHV steels obtained at different annealing times at 
650 °C and 700 °C. 
 
 
 
a) 

 

b) 

 
c) 

 

d) 

 
 
Fig. C4. Time evolution of the a) nuclear and b) magnetic SANS scattering cross section of 
the LCLV steel annealed at 650 °C for various annealing times. In c) and d) the time 
evolution of the c) nuclear and d) magnetic SANS scattering cross section of the LCLV steel 
annealed at 700 °C. 
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a) 

 

b) 

 
c) 

 

d) 

 
 
Fig. C5. Time evolution of the a) nuclear and b) magnetic SANS scattering cross section of 
the LCHV steel annealed at 650 °C for various annealing times. In c) and d) the time 
evolution of the c) nuclear and d) magnetic SANS scattering cross section of the LCHV steel 
annealed at 700 °C. 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 



132 
 

 
a) 

 

b) 

 
c) 

 

d) 

 
 
Fig. C6. Time evolution of the a) nuclear and b) magnetic SANS scattering cross section of 
the HCHV steel annealed at 650 °C for various annealing times. In c) and d) the time 
evolution of the c) nuclear and d) magnetic SANS scattering cross section of the HCHV steel 
annealed at 700 °C. 

 
 
 
C3. Transmission electron microscopy 
 
TEM is used to investigate the shape of precipitates and this information is used as input for 
SANS data analysis. Examples of TEM micrographs corresponding to LCLV, LCHV and 
HCHV steels annealed at 650 °C or 700 °C for different isothermal holding times are shown in 
Figs. C7a-d. Based on the TEM analysis, the precipitate shape is modelled as oblate ellipsoidal. 
The details of the SANS data analysis using an ellipsoidal model are explained in the 
manuscript. Note here that TEM is used for a qualitative investigation of the precipitate shape 
in order to contribute to the SANS analysis, and not to obtain quantitative information on the 
precipitate shape and size. The reason behind this is the differences in the phase transformation 
and precipitation kinetics between the steels heat-treated in the dilatometer without a magnetic 
field and in the furnace under the effect of an external magnetic field. 
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a) LCLV at 650 °C for 20 min 

 

b) LCLV at 700 °C for 2 h 

 
c) LCHV at 700 °C for 2 h 

 

d) HCHV at 650 °C for 20 min 

 
 
Fig. C7. TEM bright field images of the LCLV, LCHV and HCHV steels heat treated at 650 
or 700 °C for different annealing times. 

 
 
 
 
C4. Effective precipitate volume fraction 
 
The time evolution of the precipitate volume fraction in the LCLV, LCHV and HCHV steels 
at 650 °C and 700 °C is shown in Figs. C8a-f. The calculations on the volume fraction and the 
effective volume fraction of the precipitates are described in Chapter 5. The I, II and III point 
sets correspond to the I, II and III precipitate representations of Fig. 5.11 in Chapter 5. 
 
 
 
 
 

50 nm 
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a) 

 

b) 

 
c) 

 

d) 

 
e) 

 

f) 

 
 
Fig. C8. Time evolution of the precipitate volume fraction in the a) LCLV, c) LCHV and e) 
HCHV steels at 650 °C, and in the b) LCLV, d) LCHV and f) HCHV steel at 700 °C, 
calculated in different ways as described in Chapter 5. The I, II and III curves correspond 
to the I, II and III precipitate representations of Fig. 5.11, Chapter 5. 
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C5. Fraction of vanadium in solid solution and in the precipitates 
 
The time evolution of the fraction of vanadium in solid solution and in the precipitates in all 
steels at 650 °C and 700 °C is shown in Figs. C9a-f. The calculations are for precipitate 
representation II. The comparison to phase transformation kinetics is also presented. 
 
a) 

 

b) 

 
c) 

 

d) 

 
e) 

 

f) 

 
 
Fig. C9. Time evolution of the fraction of vanadium in solid solution and in the precipitates in 
the a) LCLV, c) LCHV and e) HCHV steels at 650 °C, and in the b) LCLV, d) LCHV and f) 
HCHV steel at 700 °C. The comparison to phase transformation kinetics is also presented. 
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