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Abstract: A novel combined process of Cold Stamping (CS) and Hot Stamping (HS) with Quenching
and Partitioning (Q&P) treatment applied to advanced TRIP-assisted steel has been conducted by
thermomechanical simulation to evaluate the influence of CS or HS in the Q&P processing. With this
purpose, Q&P, CSQ&P, and HSQ&P cycles were designed to obtain multiphase microstructures con-
taining ferrite, martensite, bainitic-ferrite, and the maximum retained austenite (RA) fraction after the
processes. The objective was to investigate the effects of the variables involving the heat treatments,
such as the intercritical austenitization temperature, the isothermal and non-isothermal deforma-
tion, the amount of deformation, and the temperature and partitioning times, and to analyze their
influence on the microstructural and mechanical responses. Time-resolved X-ray diffraction using
synchrotron radiation was undertaken in a thermomechanical simulator coupled to the synchrotron
light source to understand the influence of time, temperature, and strain on the level of carbon en-
richment in austenite. In addition, the in situ austenite transformation kinetics and lattice parameter
evolution were tracked, making it possible to optimize the RA fraction at room temperature after
Q&P processing. The newly developed combined process is promising as the transformation-induced
plasticity phenomenon during deformation can contribute to the formability and energy absorption.
The results also indicate that the deformation of austenite promotes the ferrite transformation while
suppressing the bainite transformation. It was possible to plot the results in an elongation-mechanical
strength diagram, coupled to material property charts, also known as, ‘banana curve’, allowing us to
identify and correlate the thermal or thermomechanical treatment conditions that led to an increase
in ductility or strength according to the volume fractions of the resulting phases. Comparing the
results for the HSQ&P treatments, it was observed that isothermal strains at higher temperatures
(≥800 ◦C) are more advantageous to increase mechanical strength, while non-isothermal strains
(starting at 750 ◦C) are suggested if the objective is the increase in ductility, with mechanical strength
being slightly sacrificed.
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1. Introduction

There is a continuous industrial demand for new steels that present better combina-
tions of ductility and mechanical properties without increasing production costs. This
demand meets the needs of vehicle weight reduction, CO2 emission reduction, and increas-
ing passengers and pedestrians safety. Improving mechanical resistance without loss of
ductility leads to reductions in weight, CO2 emission, and fuel consumption by decreasing
the thickness of the sheets. However, it is essential to protect the safety of passengers
during a car crash. Then, the current energy crisis and global warming make lightweight
designs gain more attention in the automotive industry [1]. The challenge to be faced to
optimize the vehicle structure weight is the development of steels with high mechanical
strength without compromising their formability. In this context, the ULSAB (Ultra-Light
Steel Auto Body) project explored new opportunities for weight reduction in automotive
components, resulting in the development of an automotive body with 90% high strength
steels (HSS), reducing ≈25% of the mass, and improving the torsional stiffness (up to 80%),
and bending stiffness (up to 52%) [2]. With the ULSAB-AVC (Advanced Vehicle Concept)
project, there was a significant increase in fuel consumption efficiency due to the reduction
in vehicle weight (≈17%), with higher levels of resistance in components that need forming
operations in its manufacture [3]. Research indicates that a 10% weight reduction in vehicles
reduces fuel consumption by 6 to 10% and CO2 emissions by≈4% [4,5]. Since steels account
for about 60% of the total vehicle’s body weight, it is effective to achieve lighter weights
using a thinner steel sheet with higher strength instead of common steel [6]. Therefore,
to meet the requirements in terms of crash-safe designs, impact resistance, and fuel con-
sumption reduction, the most viable alternative to construct thinner structural components
is the development of high and ultra-high-strength-steels with adequate formability [4].
Thanks to the formability that high-strength steels exhibit at elevated temperatures, the
final martensitic microstructure produced by hot stamping, and the reduced springback,
thinner and more complex sheet metal parts (A and B pillars, side-impact protection, roof
rails, bumpers) can be produced with a high strength-to-mass ratio and high geometrical
accuracy [7]. Currently, it is estimated that hot-stamped components contribute to ≈25% of
vehicle weight reduction without affecting their performance [8]. Therefore, lightweight
vehicles technology is the key to success in developing a low-carbon economy (energy
saving) [9,10], which forces the automotive industry to manufacture lightweight cars [11]
while enhancing strength, particularly of safety-relevant parts. In this regard, several
types of microstructures and heat treatments have been proposed to face this challenge,
such as refined DP microstructures [12–14], modified TRIP [15–18], bainitic [19–22], and
nanobainitic [23–25], quenching and partitioning—Q&P [26–28], TWIP with lower levels
of Mn [29–31], etc. The presence of ductile retained austenite in the hard martensite and
bainitic matrix contributes to the appropriate plasticity and toughness [32–35]. The volume
fraction, homogeneous distribution, and stability of the retained austenite are essential to
ensure its contribution to the TRIP effect (Transformation Induced Plasticity) not only dur-
ing forming but also when called to absorb energy in the event of a collision. Consequently,
TRIP-assisted steels are being increasingly used in the automotive industry because of their
combined lightweight and high energy absorption capabilities [36]. Although considerable
improvements to these steels have been achieved, their constant demands have made the
automotive sector continue this progress.

The main mechanism for improving the balance of mechanical strength and ductility
in TRIP steels (Transformation-Induced Plasticity) is by the presence of retained austen-
ite [37,38]. This austenite might transform into martensite in stress and/or strain situations,
although this retained austenite has a higher carbon content (stable at room temperature
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without stress) [39,40]. This martensitic transformation and its consequent shear deforma-
tion and volumetric expansion, related to the formation of dislocations in adjacent ferrite
and around newly formed martensite regions, change the state of inner stresses, increasing
the mechanical strength of the steel [13,41].

The industrial advantage of high-temperature deformation is producing thinner struc-
tural components with complex geometries with reduced springback. Deformation at high
temperatures also involves the formation of DIFT ferrite (Deformation-Induced Ferrite
Transformation), which contributes to the carbon enrichment of austenite and, therefore,
its stability [42]. Additionally, deformation-induced ferrite transformation coupled with
continuous dynamic recrystallization of proeutectoid ferrite and austenite enhances the
mechanical properties due to grain refinement [43]. It is reported that bainitic transfor-
mation is suppressed in the partition stage during the Q&P process due to the stability
of ultrafine untransformed austenite [44]. Thus, a multiphase microstructure would be
formed containing mainly martensite, ferrite (DIFT and intercritical), and retained austenite,
simultaneously increasing the strength and the ductility [42,45].

This study aims to investigate the effect of Q&P and previous high-temperature
deformation to establish the proper microstructure to guarantee excellent combinations
of mechanical strength and ductility in 1.5 mm thick sheets of high-strength TRIP steel.
The retained austenite lattice parameter variation during the partition stage was measured
using synchrotron diffraction so as to evaluate the effect of previous hot deformation on
the carbon enrichment in retained austenite.

2. Materials and Methods

The chemical composition of the investigated commercial TRIP-assisted steel is de-
scribed in Table 1. The chemical composition was determined using plasma emission spec-
trometry following the ASTM E350 and ASTM E1019 standards. In the initial state of the
samples, after cold rolling, the steel was heated to the inter-critical field (austenite + ferrite)
and rapidly cooled to a temperature above the martensitic transformation, maintaining this
temperature for a certain period in order to induce the bainitic transformation. At the end
of the isothermal bainitic holding temperature, a new accelerated cooling to room tempera-
ture was applied, producing a microstructure composed of ferrite, bainite, and retained
austenite (a small portion of martensite can also be formed). As the bainitic transformation
that occurs during the isothermal holding is the incomplete reaction phenomenon, the
microstructure shows retained austenite at the end of the treatment. The heat treatment
applied generates a material with yield and strength limits of 504 MPa and 778 MPa, re-
spectively, with a total elongation of ≈35%. After the initial processing, AlSi coating is
commonly used in these materials because it provides corrosion protection through barrier
protection between the oxidizing environment and the bare steel. However, most of the car
body components are already zinc coated. A similar level of oxidation protection may also
be required in hot-stamped components. Here, a zinc coating was applied to 1.5 mm thick
sheets using an electrolytic plating (electrogalvanizing) process.

Table 1. Chemical composition (in wt.%) of the investigated steel.

C Si Mn Cr

0.23 1.23 1.5 0.02

Heat and thermomechanical treatments, such as quenching and partitioning (Q&P)
and hot stamping process coupled with subsequent quenching and partitioning (HSQ&P)
were carried out to study the microstructural and mechanical properties changes. In addi-
tion, thermodynamic simulations using Thermo-Calc® (manufactured at the Royal Institute
of Technology in Stockholm, Sweden) were carried out to determine the intercritical temper-
ature, to obtain a higher carbon content in austenite, the carbon solubility limit in austenite
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and ferrite, the phase chemical composition, and the phase volume fraction, as depicted in
Figure 1.

Metals 2022, 12, x FOR PEER REVIEW 4 of 48 
 

 

stitute of Technology in Stockholm, Sweden) were carried out to determine the intercriti-
cal temperature, to obtain a higher carbon content in austenite, the carbon solubility limit 
in austenite and ferrite, the phase chemical composition, and the phase volume fraction, 
as depicted in Figure 1. 

 
Figure 1. Phase volume fractions and carbon concentration in austenite as a function of temperature. 

The samples were homogenized at 1000 °C for 5 min to ensure the dissolution of the 
precipitates then intercritically austenitized at 800 °C for 5 min, where 33.55% proeutec-
toid ferrite and 66.45% austenite coexisted, with the carbon concentration in austenite 
around 0.31 wt.%, as determined by thermodynamic simulations. Heating and cooling 
rates were 15 °C/s and 60 °C/s, respectively. The HSQ&P samples were subjected to two 
different hot stamping paths; (i) isothermal deformation, where the heat level during de-
formation stays the same, at 800 °C and (ii) nonisothermal deformation, starting at 750 °C 
and ending at 714 °C, up to a 0.3 true strain at a constant strain rate of 0.5 s−1, emulating 
the strain rate found during an actual hot stamping process [46]. Additionally, a cold 
stamped process was performed, straining at room temperature prior to the Q&P process. 

Quenching and partitioning (Q&P) and hot stamping experiments followed by 
quenching and partitioning (HSQ&P) were performed using the Gleeble3S50TM thermo-
mechanical simulator. The Gleeble 3S50TM simulator was developed in cooperation be-
tween the American company Dynamic Systems Inc. (DSI) and the technical-scientific 
staff of the Brazilian Nanotechnology National Laboratory (LNNano), with the purpose 
of carrying out thermomechanical tests controlling temperature and mechanical 
stresses/strains on macroscopic samples, while simultaneous X-ray diffraction acquisi-
tions are obtained. This system has a unidirectional symmetric stroke system to ensure 
that the sample position illuminated by the X-ray beam does not change in the load appli-
cation direction due to deformation, as well as a different chamber design so that the in-
cident beam can reach the sample and diffracted beams are accessible to detectors [47]. 
Inside the chamber of the Gleeble simulator, the specimens are held by copper clamps, 
through which electrical current is conducted to heat the samples by the Joule effect. The 
power control is performed by a proportional derivative integral algorithm, and the tem-
perature response can be obtained through K-type thermocouples, Cromel/Alumel, 
welded to the samples. The uncertainty in controlling the temperature reached was less 
than 1 °C. The experiments were carried out in a vacuum, with a chamber pressure of ≈6 
× 10−3 Torr. Specimen geometry used in Advanced Gleeble 3S50 can be found in [44]. 

Experiments using synchrotron radiation consisted of evaluating the deformation 
processes, including a partitioning step with a quenching temperature of 318 ± 10 °C, ac-
cording to the optimum quenching temperature calculated considering the constrained 
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The samples were homogenized at 1000 ◦C for 5 min to ensure the dissolution of the
precipitates then intercritically austenitized at 800 ◦C for 5 min, where 33.55% proeutectoid
ferrite and 66.45% austenite coexisted, with the carbon concentration in austenite around
0.31 wt.%, as determined by thermodynamic simulations. Heating and cooling rates were
15 ◦C/s and 60 ◦C/s, respectively. The HSQ&P samples were subjected to two different hot
stamping paths; (i) isothermal deformation, where the heat level during deformation stays
the same, at 800 ◦C and (ii) nonisothermal deformation, starting at 750 ◦C and ending at
714 ◦C, up to a 0.3 true strain at a constant strain rate of 0.5 s−1, emulating the strain rate
found during an actual hot stamping process [46]. Additionally, a cold stamped process
was performed, straining at room temperature prior to the Q&P process.

Quenching and partitioning (Q&P) and hot stamping experiments followed by quench-
ing and partitioning (HSQ&P) were performed using the Gleeble3S50TM thermomechani-
cal simulator. The Gleeble 3S50TM simulator was developed in cooperation between the
American company Dynamic Systems Inc. (DSI) and the technical-scientific staff of the
Brazilian Nanotechnology National Laboratory (LNNano), with the purpose of carrying
out thermomechanical tests controlling temperature and mechanical stresses/strains on
macroscopic samples, while simultaneous X-ray diffraction acquisitions are obtained. This
system has a unidirectional symmetric stroke system to ensure that the sample position
illuminated by the X-ray beam does not change in the load application direction due to
deformation, as well as a different chamber design so that the incident beam can reach the
sample and diffracted beams are accessible to detectors [47]. Inside the chamber of the
Gleeble simulator, the specimens are held by copper clamps, through which electrical cur-
rent is conducted to heat the samples by the Joule effect. The power control is performed by
a proportional derivative integral algorithm, and the temperature response can be obtained
through K-type thermocouples, Cromel/Alumel, welded to the samples. The uncertainty
in controlling the temperature reached was less than 1 ◦C. The experiments were carried
out in a vacuum, with a chamber pressure of ≈6 × 10−3 Torr. Specimen geometry used in
Advanced Gleeble 3S50 can be found in [44].

Experiments using synchrotron radiation consisted of evaluating the deformation
processes, including a partitioning step with a quenching temperature of 318 ± 10 ◦C,
according to the optimum quenching temperature calculated considering the constrained
carbon equilibrium between martensite and austenite as proposed by Speer et al. [26].
The dwell time at the quenching temperature (QT) was 5 s in all treatments. The short
maintenance time used aimed to avoid isothermal transformation products below the Ms
temperature (such as carbide precipitation and bainitic transformation) [48]. The partition



Metals 2022, 12, 174 5 of 47

temperature (PT) was performed at 400 ◦C with an incubation time of 100 and 500 s. Short
partition times might be favorable in industrial processes for thinner steel components to
ensure excellent energy absorption, formability, and toughness under deformation and
impact loading. Figure 2 schematically shows all described conditions: (a) isothermal
hot stamping experiments followed by quenching and partitioning called I-HSQ&P and
(b) non-isothermal hot stamping experiments followed by quenching and partitioning
called NI-HSQ&P sample.
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Figure 2. Schematic representation of the thermomechanical treatments of quenching and partitioning
(Q&P), cold stamping (CS), isothermal hot stamping, HS, (1) experiments followed by quenching and
partitioning (I-HSQ&P), and non-isothermal hot stamping (2) experiments followed by quenching and
partitioning (NI-HSQ&P) specimens. HT, IT, QT, PT are homogenization, intercritical, partitioning,
and quenching temperatures; and ε and

.
ε are true strain and strain rate, respectively.

In situ high-temperature X-ray diffraction (XRD) was performed on Q&P and HSQ&P
samples, providing real-time lattice parameter changes during the partitioning step. The
experiments were carried out at the experimental station XTMS (X-ray Scattering and
Thermo-Mechanical Simulation), installed in a custom-built hutch at the LNLS (Brazilian
Synchrotron Light Laboratory) XRD-1 synchrotron beamline [49]. The experimental setup
consists of a customized Gleeble®3S50 thermomechanical simulator integrated with a
monochromatic synchrotron X-ray beam at 12 keV (λ = 0.10332 nm) incident on the sample.
Although steel, which possesses relatively high density, requires a very high energy X-
ray for large interaction volume, lower energy is still effective for investigating the local
structure of nanoconstituents [50]. Scattered X-ray intensities were measured by two
solid-state linear detector arrays (silicon microstrip multichannel system, each Mythen-1K
with 1280 channels, 50 µm wide, distributed in a row). The sample was positioned at
361 mm from the linear detectors, in a fixed position tilted at 15◦ related to the incident
X-ray beam. In situ diffraction scans, covering angles in the range of 26◦ < 2θ < 46◦ were
recorded at 3 s intervals during the partitioning stage. A custom least squares multiple
simultaneous peak-fitting algorithm for these diffraction profiles was used for the Igor Pro®

program [51]. To collect the diffraction peaks for quantification of the phases present, at the
end of each heat treatment, XRD patterns in the range of 26◦ < 2θ < 86◦, with an exposure
time of 10 s, were collected. The austenite volume fraction Vγ was calculated according
to the method proposed by Gnaupel-Herold and Creuziger [52] for TRIP steels using the
integrated intensities of the (110)α and (200)α peaks, and those of the (111)γ and (200)γ
diffraction peaks. Using multiple peaks can minimize the influence of any textural effects
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upon the [53,54]. The austenite lattice parameters, aγ in nm, were calculated from the 2θ
positions of the diffraction peaks using Bragg’s law (Equation (1)), based on the positions
of the (200) austenite peaks:

aλ =
λ
√

h2 + k2 + l2

2 sin θhkl
(1)

where λ is the wavelength of the synchrotron radiation; h, k, and l are the Miller indices of
the lattice planes; and θhkl is the Bragg angle for the (h k l) planes, which was calculated
fitting a Gaussian distribution for each scan at the partitioning stage. The calculated
temperature history of the sample was used to subtract thermal expansion effects from
lattice parameter data to reveal evidence of carbon migration between the different phases
present. For this purpose, the measured austenite lattice parameters at PT were extrapolated
to the correspondent values at room temperature using the van Bohemen equation, adapted
from van Bohemen [55]:

aλ
0 =

 aλ

1 + βλT + βλφλ
[
exp

(
− T

φλ

)
− 1
]
 (2)

where T is the partition temperature (in Kelvin), aγ
0 is the lattice parameter at the reference

temperature, and the constants βγ = 24.8 × 10−6 K−1 and ∅γ = 280 K. The van Bohemen
equation was first proposed to predict the macroscopic dilation of austenite. Therefore,
Equation (2) is valid under the assumption that only lattice distortion is responsible for the
macroscopic dilation. Subsequently, the carbon content of the face-centered cubic austenitic
phase (wγ

c ) at room temperature was estimated using the formula suggested by Dyson and
Holmes [56]:

wλ
c =

(
aλ − 3.578− 9.5× 10−4%wλ

Mn + 5.6× 10−3%Al
3.30× 10−2

)
(3)

Dyson and Holmes [56] stated that silicon has a negligible effect on the austenite
lattice distortion and, therefore, its contribution is not incorporated into their equation.
Substitutional atom diffusion is very slow at temperatures involved in the Q&P processing.
The slow diffusion allows identifying carbon as the only element responsible for the lattice
parameter variations [57]. Additionally, the possible effect of internal stresses on the lat-
tice parameter of austenite is neglected. Nevertheless, in order to estimate the austenite
lattice parameter, aγ, free from systematic and random errors, aγ was estimated from the
calculated lattice parameter for each reflection against cos 2θ/sin θ, thereby accounting for
possible sample shift (or displacement on the diffractometer) and X-ray penetration [58,59].
For easy comparison, this function was extrapolated to 3.6092 Å (the calculated value of
the non-deformed austenite lattice parameter). Metallographic analyses were conducted by
light microscopy (LMLM), scanning electron microscopy (SEM), and electron back-scattered
diffraction (EBSD). The metallographic observation samples were prepared using conven-
tional mechanical grinding, using abrasive SiC sandpapers, then polishing, using diamond
suspensions until 1 µm, and final polishing using a 0.05 µm colloidal silica suspension,
etched with 2% Nital solution. The samples were then observed by light microscopy using
a Philips XL30 model microscope and SEM. The FEG-SEM microstructural examination
was performed using an FEI- Inspect F50 field emission gun SEM operating at 15 kV. The
EBSD samples were polished with a final electropolishing step of 0.05 µm using an OPS
suspension for 1 h. The EBSD analysis was performed at 20 keV, and the specimen tilt angle
was 70◦ with a 15 mm working distance and a step size of 0.1 µm. Orientation imaging
microscopy (OIM) functions of the electron backscatter diffraction patterns, such as the
image quality (IQ), Phase Identification, Schmid factor, and kernel average misorientation
(KAM), were used to evaluate the different thermomechanical processed samples. The
volume fractions of ferrite, bainite, and martensite were measured by the point count
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method with a square mesh of 391 points superimposed on the microstructures, and the
fraction of points were manually counted according to the ASTM E562-02 standard [60]. At
least five SEM micrographs were analyzed per condition. Microhardness measurements
were performed at room temperature with a Vickers indenter under 500 g loads and a
loading time of 10 s. Nanohardness measurements were carried out on samples previously
prepared for EBSD analysis using a Triboindenter Hysitron TI 950. The equipment was
operated in load control testing mode, with a maximum and minimum load of 15 mN and
1.5 mN, respectively.

3. Results and Discussion
3.1. Optimal Quenching Temperature

Determination of optimum initial quenching temperature (QT) is essential to set the
proper fraction of martensite and untransformed austenite, to stabilize untransformed
austenite at room temperature by carbon partitioning from martensite to untransformed
austenite during the partition stage. The volume fraction of untransformed austenite as a
function of the quenching temperature was calculated by the lever rule on the dilatometry
curves in the martensitic transformation region, as presented in Figure 3. The experimental
data were adjusted by the least squares method to the model proposed by Koistinen and
Marburger (K&M) [61] considering the intercritical austenitization regions, as follows:

Vγ = exp
[
−3.51× 10−2(352.8−QT)

]
(4)

where Vγ is the volume fraction of untransformed austenite, and QT represents the quench-
ing temperature.
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Figure 3. Fraction of untransformed austenite as a function of the quench temperature determined
by the dilatometry experiment data K&M model adjustment in the quenched sample.

It can be seen in Figure 3 that the K&M equation fits well, especially at low tempera-
tures (high supercooling) with the experimental values. In contrast, there is a deviation
between the experimental results and the adjusted equation at higher temperatures, possi-
bly due to the beginning of the bainitic transformation [62].

Figure 4 predicts the volume fraction of retained austenite after quenching from
the intercritical austenitization temperature according to Speer’s model [26,63] and the
constrained equilibrium thermodynamic model [64]. The dashed curves exhibit the un-
transformed austenite and martensite after initial quenching. In addition, the secondary
martensite formed (fresh martensite) could be transformed in the final quenching stage [65].
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The black line corresponds to the final fraction of stable retained austenite after the quench-
ing and partition step as a function of the quenching temperature. The result indicates an
optimal quenching temperature (TQ ≈ 318 ◦C) that offers the highest possible percentage
of retained austenite (≈21%) after the final quenching, calculated according to the K&M
ratio (Equation (1)). Notably, the calculation was performed under some simplifications,
such as stationary interfaces, the ideal partition of carbon from martensite to austenite,
and suppressed competitive reactions (such as carbide formation). From Figure 4, the
final microstructure is composed of retained austenite, martensite (formed after the initial
quench), and possible fresh martensite formed during the final cooling from the unstable
untransformed austenite during the partition step.
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Figure 4. Prediction of the volume fraction of retained austenite (γret) after intercritical austenitization,
assuming total carbon partitioning according to the model of Speer et al. [26]. OQT indicates the
“optimal” quenching temperature.

Quenching above the optimum QT (OQT) generates a greater amount of retained
austenite. This austenite has low stability due to its low carbon enrichment; thereby, it
can easily be transformed into fresh martensite during final quenching [66]. However,
quenching below the optimal quenching temperature results in the formation of a large
amount of martensite during the first quenching stage. As a result, a smaller amount
of retained austenite remains before partitioning, increasing the carbon availability to be
partitioned. In this case, the carbon enrichment of the austenite during the partitioning
process may be much greater than necessary, making it more stable during the partitioning
process, which does not favor the TRIP effect as no transformation occurs during stressing.
Therefore, the optimum quenching temperature allows the setting of proper microstructure
combinations to obtain excellent mechanical properties.

3.2. In Situ X-ray Diffraction

Figure 5 shows the 2D diffraction patterns obtained by the Rayonix detector of the
as-received material and in the initial and final stage of the partitioning process at 400 ◦C
for 100 s of the Q&P sample. The diffraction patterns were integrated azimuthally to be
converted into one-dimensional intensity values as a function of the 2θ angle. The inten-
sities of the diffraction peaks (111)γ, (200)γ, and (220)γ corresponding to austenite were
considerably reduced during the partition stage. The austenite fractions at the beginning
and end of the partition stage were calculated as 17.2% and 8.4%, respectively. This reduc-
tion in the austenite fraction can be associated with the bainitic transformation during the
partitioning process. Notably, the intensity variation of the (110)α peaks (including ferrite,
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bainite, and martensite) could be related to the crystallographic orientation relationship
with prior and current austenite atomic configuration. In the BCC structure, the {110} planes
have the higher close-packed density which enhances the slippage mechanism, especially
at T (K) > 0.5 Tm [67]. The development of (110) grains parallel to the rolling direction
has been reported in advanced high-strength steels during the DIFT induced grain refine-
ment [45,68,69]. Thus, more readily, plastic deformation is expected in I-HSQ&P specimens.
Estimating the volume fraction of austenite in steels with non-random crystallographic
orientation requires several diffraction peaks to minimize the influence of preferential
orientations on the results [53,54].
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Figure 5. In situ synchrotron X-ray diffraction patterns obtained with a 2D detector showing the
evolution of austenite (γ) and ferrite (α) diffraction peaks, collected at room temperature before
treatment and at 400 ◦C as a function of partition time (100 s). (a) as-received (Vγ = 3.1%); (b) the
initial stage of the partition (Vγ = 17.2%); (c) final stage of the partition (Vγ = 8.4%).

Furthermore, the results show austenite peaks shifted to lower 2θ values in all speci-
mens. According to Bragg’s law, shifting the austenite peaks to lower 2θ values indicates an
increase in interplanar distances, as a result of larger lattice parameters due to the carbon
enrichment of the residual austenite phase.

The results also revealed that the volume fraction of retained austenite reached 10.3% in
I-HSQ&P and 7.8% in NI-HSQ&P samples. In addition, the (200)γ diffraction peak intensity
reduced gradually with the increase in the partitioning time due to the decomposition
of residual austenite by bainitic transformation. This result confirmed that the samples
deformed at high temperatures showed higher retained austenite stability, produced by
the higher carbon enrichment, caused by the acceleration of carbon diffusion in austenite
produced by the DIFT ferrite. Moreover, bainitic transformation can also promote carbon
enrichment of retained austenite, increasing the retained austenite stability.
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Figure 6 presents the variation of the austenite lattice parameter as a function of time
during the partition stage (400 ◦C for 100 s and 500 s). From the comparison between
the Q&P with I-HSQ&P, and NI-HSQ&P thermomechanical treatments, it is observed
that the hot deformation promotes a smaller increment of the austenite lattice parameter
during the partitioning stage, leading to less carbon enrichment in untransformed austenite
with the increase of deformation. Additionally, the samples deformed at 800 ◦C (with an
800 ◦C intercritical annealing temperature, I-HSQ&P) showed a slightly higher carbon
enrichment than those deformed at 750 ◦C. Deformation increases lattice rotations and
the number of crystallographic defects in the soft residual austenite, increasing the stored
energy compared to a perfect lattice [70]. This stored energy decreases the activation energy
for carbon diffusion and accelerates carbon segregation on the distorted residual austenite
lattice. Moreover, the deformation at high temperatures induces the diffusion of carbon
and retransformation of ultrafine DIFT ferrite into residual austenite [71]. It exceeds the
stability of residual austenite, which is favorable for industrial applications.
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Figure 6. In situ synchrotron X-ray diffraction analysis of the evolution of the austenite lattice
parameter during the partition stage. Q&P with I-HSQ&P (Tε = 800 ◦C) and NI-HSQ&P (Tε = 750 ◦C).
(a) Quenching Temperature (QT) at 308 ◦C, (b) QT at 318 ◦C by 100 s, (c) QT at 318 ◦C by 500 s, (d) QT
at 328 ◦C by 500 s.

The results revealed that the deformation increased the lattice distortion at the prior
austenite grain boundaries, increasing misorientation and stored energy. Higher stored
energy between neighboring grains implies a higher driving force to nucleate fine DIFT
ferrite grains and promote carbon depletion in this region. In other words, deformation
at the intercritical region (at 750 ◦C) promotes the transformation of the diffusional phase
(DIFT ferrite) and accelerates the carbon enrichment of residual austenite. Thereby, the
Ms temperature at the final quenching stage can be reduced significantly compared to
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the first Ms temperature, leading to increased retained austenite stability. On the other
hand, the Ms temperature increased when the deformation at 800 ◦C increased from 30%
to 50%. Since austenite has deformed, a component of mechanical free energy (∆Gm) is
accommodated to change the chemical-free energy (∆Gq), increasing the variation of the
total free energy (∆GT) necessary for the transformation. This increase in total free energy
in the ferrite induced by the deformation implies an increase in the Ms temperature, as
shown in Figure 7.
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Figure 7. Schematic representation of the variation of the Gibbs free energy (G) and temperature
(T) for martensite (α’), ferrite (α) and austenite with deformation (γε) and without deformation (γ),
depending on the carbon content. Ms and Msε represent the starting temperatures of the martensitic
transformation without deformation and with deformation, respectively.

Additionally, as suggested by Nikravesh et al. [72] and Wang et al. [73], a higher
density of crystallographic defects in softer austenite can attract more carbon atoms to
reduce internal energy. Huang et al. [74] propose that accumulated dislocations close to
the austenite grain boundaries contribute to the increase in Ms temperature. In contrast,
intragranular dislocations (which can be rearranged to form subgrains inside the grains,
causing their refinement) have an opposite effect, decreasing Ms temperature. However,
there are other factors, in addition to chemical composition or dynamic recrystallization,
that can influence the change of Ms temperature values, as it can also be influenced by
cooling and deformation rates, grain size, elastic-plastic stresses, microstructural defects,
and even certain types of austenite grain boundaries [75,76]. Therefore, from the results
of the temperature Ms obtained, it is possible to conclude that even though different
phenomena that imply the change of this temperature may coexist, the enrichment of
austenite in carbon seems to be the predominant phenomenon for low strains (≤30%). In
comparison, the increase in total free energy by creating a mechanical driving force caused
by the deformation seems preponderant for high deformation percentages (30 and 50%).

The XRD results showing a carbon enrichment of retained austenite (see Figure 6)
are essential due to the importance of the mechanical stability of austenite in TRIP steels.
This mechanical stability is related to the retardation of the martensitic transformation in
the early stages of plastic deformation [77,78]. In mechanical stability, the movement of
the martensite/austenite interface is blocked mainly by the tangles of deformed austenite
dislocations [79] or by the intersection between transformation dislocations and the high
density of dislocations caused by austenite deformation at high temperature [80]. Since
higher dislocation densities accumulated at prior austenite boundaries impose a constraint
on martensite growth, the beginning of mechanical stabilization can be predicted by the
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balance between the force that activates the movement of the interface against the resistance
imposed by the dislocation tangle. Therefore, just as the dislocation tangles hamper slip,
any obstacle in the trajectory of the interface will prevent its movement.

As it is known, the martensitic transformation occurs through the movement of a
semi-coherent interface, formed by dislocations with Burgers vectors normal to the interface
plane that can then move by slipping. Thus, mechanical stabilization has been found in
plate-like phases or phases created by transformations with “displacive” shear, as is the
case with martensite or Widmanstätten ferrite [81]. Mechanical stabilization of austenite
also explains the decrease in the temperature Ms because of the higher enrichment in the
carbon content of austenite caused by the diffusive transformation.

3.3. Microstructural Characterization
3.3.1. Light Microscopy

In steels, isothermal treatments applied to austenite at temperatures lower than perlite
formation generate bainite. Morphologically, bainite is in the form of ferrite laths (or nee-
dles, as seen in a two-dimensional section) containing dispersed carbides either between
each ferrite unit (upper bainite) or on its interior (lower bainite) [82]. On the other hand,
TRIP-assisted steels contain an equiaxed ferrite structure produced by partial austenitiza-
tion in the intercritical field and carbide-free bainite interspersed with retained austenite
produced by an austempering treatment. The bainitic transformation from intercritical
austenite is decisive in the TRIP-steels processing since bainite formation allows austenite
carbon enrichment, which can be retained after quenching step to room temperature to
obtain the TRIP effect [78]. In Q&P treatments, bainite formation is also possible because
the partitioning step takes place at a temperature above martensitic starting. The morphol-
ogy and phase fractions of austenite and ferrite resulting from the intercritical annealing
strongly affect the microstructural development in the further steps of the Q&P process [83].
This morphological difference between bainite laths and equiaxed or quasi-polygonal fer-
rite grains allows their differentiation in the microstructures obtained by light and scanning
electron microscopy. Additionally, by EBSD (Section 3.3.3), the bainite presents higher
dislocation density due to the fact that the bainitic transformation occurs under a signif-
icant shape and volume change and is, therefore, associated with shear and hydrostatic
stresses leading to increased creation of dislocations [84]. In the case of bainite and acicular
ferrite (non-equiaxial shape highly substructured) promoted by hot deformation, the main
differences are the nucleation sites and growth directions. Bainite nucleates at austenite
grain boundaries and grows as a sheaf of parallel plates in the same growth direction
within the austenite grains, whereas acicular ferrite generally nucleates intragranularly and
grows as primary plates in the same or different [85]. Since bainite is harder than ferrite,
the variation of micro and nanohardness measurements is also a complementary technique
for this differentiation, as conducted in Section 3.3.4.

Images obtained by light microscopy of some of the experiments are shown in
Figures 8 and 9. Figure 8 shows some micrographs of the sample after quenching (Q),
quenching and partitioning (Q&P), and hot stamping (HS) treatments, while Figure 9 shows
those corresponding to some of the experiments in the combined hot stamping process
and quenching and partitioning (HSQ&P). These figures mainly distinguish martensite
regions, with dark brown tint, bainite, in light tint films, and epitaxial ferrite (formed at
intercritical temperature) or DIFT (produced by deformation at high temperature) with
white tint in polygonal shapes. One can see an evident increase in the ferrite formation in
the samples that suffered deformation because the kinetics of ferrite nucleation is acceler-
ated by austenite deformation due to the increase of the driving force caused by the stored
deformation energy, the acceleration of carbon diffusion in austenite, and the increase in
nucleation sites within the grains of austenite [86]. These defects locally increase Gibbs’ free
energy, destabilizing austenite and accelerating the kinetics of ferritic transformation [71].
This increase in ferrite is due to an increase in the deformation percentage and a decrease
in the deformation temperature. According to Ghosh et al. [71], with the deformation
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temperature increasing, there could be a decrease in the net driving force for the γ→ α

transformation. Furthermore, the deformation temperature affects the nature and density
of intragranular defects [87] and the refinement of the ferrite grains.
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Figure 8. Microstructure (LM) of TRIP steel, after the quenching (Q), quenching and partitioning
(Q&P) and hot stamping (HS) treatments, with previous intercritical austenitization at 800 ◦C: (a) Q;
(b) Q&P, with Q at 308 ◦C; (c) Q&P, with Q at 318 ◦C; (d) Q&P, with Q at 328 ◦C; (e) HS, with
deformation at 30% at 750 ◦C and (f) HS, with deformation at 50% at 750 ◦C. α ‘, αb, α, and γ indicate
martensite, bainitic-ferrite, ferrite, and austenite, respectively; 2% Nital etchant.
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Figure 9. Microstructure (LM) of TRIP steel after combined treatments of hot stamping followed by
quenching and partitioning (HSQ&P) with a quenching temperature of 318 ◦C. (a) HSQ & P, with
30% deformation at 750 ◦C; (b) HSQ&P, with 50% deformation at 750 ◦C; (c) HSQ & P, with 30%
deformation at 800 ◦C and (d) HSQ&P, with 50% deformation at 800 ◦C. α’ and α indicate martensite
and ferrite, respectively; 2% Nital etchant.

Several attempts to identify retained austenite using different metallographic etchants
(LePera, Klemm, and Picral with variations in concentration and proportion of their com-
ponents), dwell times, combinations of etchants, and polarized light were performed.
However, these tests were not successful, resulting in uncertainties for the interpretation.
Therefore, the decision to use scanning electron microscopy and backscattered electron
diffraction was made to obtain a more objective characterization of this retained austenite
and further analyze the phases by quantitative stereology. Using only light microscopy it
was challenging to distinguish austenite in the form of blocks and films-like. However, the
technique was useful to visualize the microstructural distribution and homogeneity after
the heat and thermomechanical treatments performed thanks to its smaller magnification
and larger field.

3.3.2. Scanning Electron Microscopy

Images obtained by scanning electron microscopy (SEM) of some of the experiments
performed are presented in Figures 10–13. Figure 10 shows some sample micrographs
after quenching (Q) and quenching and partitioning (Q&P) treatments, with previous
intercritical austenitization at 800 and 820 ◦C and partition times of 100 and 500 s. The
images in Figure 11 correspond to the micrographs of the samples subjected to the hot
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stamping treatment (HS). In Figures 12 and 13, we can see the images of some experiments
of the combined process of cold or hot stamping with subsequent quenching treatment and
partitioning (CSQ&P and HSQ&P). In general, in these images, the ferrite (α) is observed
in low relief and a darker shade, located in the grain contours of the former austenite grain,
now martensite (α’). Additionally, it is possible to clearly distinguish the bainitic ferrite
(αb) characterized in the form of alternating laths with films of retained austenite (γf) and
some blocks of retained austenite (γb) adjacent to the allotriomorphic ferrite. According to
the Q&P treatment, martensite grains are expected to have retained austenite between the
laths in the form of films; however, by SEM, it is difficult to confirm this identification.

Although the Q and Q&P samples have been austenitized at different intercritical tem-
peratures, the microstructures do not present considerable differences in the distribution,
morphology, and microconstituents, as shown in Figure 10. The multiphase microstruc-
tures are constituted by: (a) martensite laths presented in sheaves (α’) grouped in bundles
or packets; (b) ferrite-bainite (αb); (c) primary ferrite (proeutectoid) or intercritical with
polygonal morphology (α); (d) epitaxial ferrite (αE), which grew from intercritical ferrite
(αI) during rapid cooling; (e) retained austenite in the form of blocks (γb), mainly located in
the contours of martensite and ferrite and austenite in the form of films (γf). In Figure 10e,
corresponding to the Q&P sample intercritically austenitized at 800 ◦C and partitioned
at 400 ◦C for 500 s, two regions (yellow frames) were enlarged, a lath of martensite that
indicates the presence of precipitates aligned in its interior and a region of bainitic ferrite
(αb). In this sample, it is observed, qualitatively, a greater presence of αb when compared
to the Q&P sample intercritically austenitized at 800 ◦C and partitioned at 400 ◦C for 100 s,
probably associated with the longer partition time, allowing bainitic transformation. On
the other hand, it is expected that in this sample, the martensite has completely partitioned
its carbon to austenite, as suggested by the results of in situ synchrotron radiation, which
showed that during the partition stage for partition times of 500 s after 180 s there was an
apparent stabilization in carbon enrichment of austenite (Figure 6). This higher enrichment
could stabilize austenite so that it could decrease the presence of fresh martensite at room
temperature. Some authors [88] have suggested that the presence of fresh martensite
deteriorates the mechanical properties (embrittle) of the material.

From the images in Figure 11, corresponding to samples submitted to the HS treatment,
it can be observed that with increasing deformation, a higher quantity of ferrite is generated
in the former austenite grain boundaries and a decrease in the grain sizes of both ferrite (α)
and martensite (α′) is observed. Figure 11 shows that the 10% deformation carried out at
750 ◦C or 800 ◦C does not result in considerable changes in the formation of ferrite nor in
the refinement of the grains.

Figures 12 and 13 show the microstructures of the combined process of CSQ&P and
HSQ&P, carried out after intercritical austenitization at 800 and 820 ◦C, respectively, defor-
mations at 10, 30, or 50% and quenching temperatures (QT) of 318 or 328 ◦C. Comparing the
samples submitted to the CSQ&P and HSQ&P processes deformed at 10%, both quenched
at 328 ◦C and partitioned at 400 ◦C for 100 s (Figure 12a,b), it is observed that the cold
deformed sample presents larger grains of ferrite and higher formation of fresh or non-
tempered martensite. This indicates that the high-temperature deformation favors grain
refinement (possibly caused by recrystallization at the deformation temperature). On the
other hand, the lower formation of fresh martensite is perhaps because the high-temperature
deformation favors the segregation of carbon to austenite or for lattice defects.

As already pointed out for samples treated by HS, in HSQ&P samples, it is also
possible to observe that with the increase in the amount of deformation, there is a more
intense formation of α in the former austenite grain boundaries, now α′, and a decrease in
grain sizes both of α and α′. Differently from the observed for the samples deformed 10%
at 800 and 750 ◦C, whose microstructures did not show considerable changes, the samples
deformed at 30% and 50% at 800 ◦C produce less α than when deformed at 750 ◦C.
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Figure 10. Microstructure (SEM) of TRIP steel: (a) quenching (Q), with intercritical austenitization (IT)
at 800 ◦C; (b) Q, with IT = 820 ◦C; (c) quenching and partitioning (Q&P), with IT = 800 ◦C, quenching
temperature (QT) of 308 ◦C and partition time (Pt) of 100 s; (d) Q&P, with IT = 820 ◦C, QT = 328 ◦C
and Pt = 100 s; (e) Q&P, with IT = 800 ◦C, QT = 328 ◦C, Pt = 500 s. α’, αb, αI, αE, γb, and γf are
martensite, bainitic-ferrite, intercritical ferrite, epitaxial ferrite, retained austenite as a block-type and
film-like, respectively; 2% Nital etchant.
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Figure 11. Microstructure (SEM) of TRIP steel samples after hot stamping (HS) processes with pre-
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deformation at 800 °C; (c) HS with 30% deformation at 750 °C; (d) HS with 50% deformation at 750 
°C. α’ and α represent martensite and ferrite, respectively; 2% Nital etchant. 
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grain refinement (possibly caused by recrystallization at the deformation temperature). 
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Figure 11. Microstructure (SEM) of TRIP steel samples after hot stamping (HS) processes with
previous intercritical austenitization at 800 ◦C. (a) HS with 10% deformation at 750 ◦C; (b) HS with
10% deformation at 800 ◦C; (c) HS with 30% deformation at 750 ◦C; (d) HS with 50% deformation at
750 ◦C. α’ and α represent martensite and ferrite, respectively; 2% Nital etchant.

Figure 14 shows the results of the 800 ◦C intercritical austenitized HSQ&P samples,
deformed 30%, with quenching temperatures (QT) of 318 and 328 ◦C, and partitioned at
400 ◦C for 500 s. As seen in the yellow rectangular regions of this figure, even though
the samples have undergone deformation at high temperature, bainitic ferrite (αb) was
formed in the microstructures due to the longer maintenance time in the partition stage, as
predicted by the in situ results of the variation of the austenite lattice parameter.

Thus, from the microstructural analysis by light and scanning electron microscopy, it
is evident that polygonal ferrite forms at the grain boundaries of the deformed metastable
austenite grains, and its amount changes depending on the amount and temperature of
deformation, both directly related to the deformation energy stored in the austenite, which
facilitates the nucleation of ferrite and reduces the incubation period [89,90].
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Figure 12. Microstructure (SEM) of TRIP steel samples after combined cold stamping (CS) or hot 
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10% cold deformation, intercritical austenitization (IT) at 800 °C and quenching temperature (QT) 
of 328 °C; (b) HSQ&P with IT = 800 °C, 10% deformation at 800 °C and QT = 328 °C; (c) HSQ&P with 
IT = 820 °C, 10% deformation at 750 °C and QT = 328 °C; (c) HSQ&P with IT = 820 °C, (d) deformation 
at 30% at 750 °C and QT = 328 °C. All samples were partitioned at 400 °C for 100 s. α´, α´f, αb, α, γb 
and γf represent tempered martensite, fresh martensite, bainitic-ferrite, ferrite, retained austenite as 
a block-type and film-like, respectively; 2% Nital etchant. 
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Figure 12. Microstructure (SEM) of TRIP steel samples after combined cold stamping (CS) or hot (HS)
treatments, followed by quenching and partitioning (CSQ&P or HSQ&P). (a) CSQ&P, with 10% cold
deformation, intercritical austenitization (IT) at 800 ◦C and quenching temperature (QT) of 328 ◦C;
(b) HSQ&P with IT = 800 ◦C, 10% deformation at 800 ◦C and QT = 328 ◦C; (c) HSQ&P with IT = 820 ◦C,
10% deformation at 750 ◦C and QT = 328 ◦C; (c) HSQ&P with IT = 820 ◦C, (d) deformation at 30%
at 750 ◦C and QT = 328 ◦C. All samples were partitioned at 400 ◦C for 100 s. α′, α′f, αb, α, γb and
γf represent tempered martensite, fresh martensite, bainitic-ferrite, ferrite, retained austenite as a
block-type and film-like, respectively; 2% Nital etchant.
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and quenching temperature (QT) of 328 °C; (b) HSQ & P with 50% deformation at 800 °C and QT = 
328 °C; (c) HSQ & P with 30% deformation at 750 °C and QT = 328 °C; (d) HSQ&P with 50% defor-
mation at 750 °C and QT = 318 °C. All samples were austenitized intercritically at 800 °C and parti-
tioned at 400 °C for 100 s; 2% Nital etchant. 
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sible to observe that with the increase in the amount of deformation, there is a more in-
tense formation of α in the former austenite grain boundaries, now α´, and a decrease in 
grain sizes both of α and α´. Differently from the observed for the samples deformed 10% 
at 800 and 750 °C, whose microstructures did not show considerable changes, the samples 
deformed at 30% and 50% at 800 °C produce less α than when deformed at 750 °C. 

Figure 14 shows the results of the 800 °C intercritical austenitized HSQ&P samples, 
deformed 30%, with quenching temperatures (QT) of 318 and 328 °C, and partitioned at 
400 °C for 500 s. As seen in the yellow rectangular regions of this figure, even though the 
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in the microstructures due to the longer maintenance time in the partition stage, as pre-
dicted by the in situ results of the variation of the austenite lattice parameter. 
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Figure 14. Microstructure (SEM) of TRIP steel samples after the combined hot stamping treatments 
followed by quenching and partitioning (HSQ&P) of the samples partitioned at 400 °C for 500 s. (a) 

Figure 13. Microstructure (SEM) of TRIP steel samples after the combined hot stamping treatments,
followed by quenching and partitioning (HSQ & P). (a) HSQ & P, with 30% deformation at 800 ◦C and
quenching temperature (QT) of 328 ◦C; (b) HSQ & P with 50% deformation at 800 ◦C and QT = 328 ◦C;
(c) HSQ & P with 30% deformation at 750 ◦C and QT = 328 ◦C; (d) HSQ&P with 50% deformation at
750 ◦C and QT = 318 ◦C. All samples were austenitized intercritically at 800 ◦C and partitioned at
400 ◦C for 100 s; 2% Nital etchant.

3.3.3. Backscattered Electron Diffraction (EBSD)

The EBSD combining the phase identification tools and grain orientation maps (IPF,
Inverse Pole Figure) is a powerful tool for microstructural characterization and analysis of
crystalline materials, whereby retained austenite (FCC, Face-Centered Cubic) and ferrite
(BCC, Body-Centered Cubic) can be easily distinguished. EBSD analyses were performed
to obtain information on the microstructure, morphology, and quantification of the phases
after the Q&P and HSQ&P processes. Figure 15 shows the results of the Q&P and HSQ&P
samples (deformed at 750 ◦C or 800 ◦C by 30%), quenched at 308 ◦C, and partitioned
at 400 ◦C for 100 s. Figure 16 presents the results of EBSD of phase identification and
IPF obtained for sample Q&P (Figure 16a,b), quenched at 318 ◦C, and partitioned at
400 ◦C for 100 s, and the samples with the same Q&P treatment, but with a previous
deformation of 30% at 750 ◦C (Figure 16c,d) and 800 ◦C (Figure 16e,f). In these figures, it is
possible to clearly distinguish the different morphologies of the retained austenite (γ, in red
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color), which is presented in the form of equiaxial blocks (pre-existing grains of austenite),
distributed along with the martensite packages and close to the ferrite boundaries; in the
form of films, between the martensite laths (α’) and between the bainitic-ferrite plates (αb);
and embedded in the ferrite grains. The formation of embedded γwas clearly explained
by Sun et al. [91]. The concentration of γ at grain boundaries can be explained because the
nucleation occurs preferentially on crystal defects, thus grain boundaries are preferred.
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followed by quenching and partitioning (HSQ&P) of the samples partitioned at 400 ◦C for 500 s.
(a) HSQ&P, with 30% deformation at 800 ◦C and quenching temperature (QT) of 328 ◦C; (b) HSQ&P,
with 30% deformation at 800 ◦C and quenching temperature (QT) of 318 ◦C.

Comparing the Q&P and HSQ&P microstructures, it is possible to observe that, with
high-temperature deformation, the ferrite and martensite blocks are considerably refined.
This microstructure may be favorable due to the increased resistance to impact and fracture,
related to the effect of the refined grains making it difficult for the progress of crack
propagation [92].

The use of EBSD also allowed estimation of retained austenite for each treatment,
which was 3.1% for the Q&P sample, 4.9% for the HSQ&P deformed at 750 ◦C, and 3.4%
for the sample deformed at 800 ◦C, all quenched at 308 ◦C. While for a sample quenched at
318 ◦C, the percentages of austenite were 3.3% for the Q&P sample, 8.0% for the HSQ&P
deformed at 750 ◦C, and 5.0% for the sample deformed at 800 ◦C.

Figure 17 shows the combination of the image quality with the grain orientation map
for austenite of the HSQ&P sample, deformed at 750 ◦C and quenched at 318 ◦C. From this
map, it is possible to observe that the austenite islands belonging to the same grain have
the same crystallographic orientation, as shown in the regions delimited by the outlines in
yellow. It indicates that this retained austenite probably originated from the same previous
grain of austenite [28].

Figure 18 shows the grain size area for the Q&P and HSQ&P treatments of the samples
quenched at 318 ◦C. This figure shows how, due to high-temperature deformation, there
was a considerable refinement of the grain size area, with the average value for the Q&P
sample being 28 µm2, while the HSQ&P samples had average values around 16 µm2. This
reduction in the grain size area (also seen in the images obtained by SEM and EBSD) in
the HSQ&P samples may have been caused by the occurrence of dynamic recrystallization
associated with the generation of a large number of defects during hot deformation.
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Figure 15. EBSD images of TRIP steel samples after combined quenching and partitioning (Q&P) 
and hot stamping treatments followed by quenching and partitioning (HSQ&P) of austenitized sam-
ples intercritically at 800 °C, quenched at 308 °C and partitioned at 400 °C for 100 s. (a) Q&P; (b) 
HSQ&P with 30% deformation at 750 °C; (c) HSQ&P with 30% deformation at 800 °C. 
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Figure 15. EBSD images of TRIP steel samples after combined quenching and partitioning (Q&P) and
hot stamping treatments followed by quenching and partitioning (HSQ&P) of austenitized samples
intercritically at 800 ◦C, quenched at 308 ◦C and partitioned at 400 ◦C for 100 s. (a) Q&P; (b) HSQ&P
with 30% deformation at 750 ◦C; (c) HSQ&P with 30% deformation at 800 ◦C.
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Figure 16. Images obtained by EBSD combining the tools for phase identification and grain orienta-
tion maps (IPF, images b, d, and f) of the TRIP steel samples after quenching and partition treat-
ments (Q&P) and hot stamping followed by quenching and partition (HSQ&P) of the austenitized 
samples intercritically at 800 °C, quenched at 318 °C and partitioned at 400 °C for 100 s. (a,b) Q&P 
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Figure 16. Images obtained by EBSD combining the tools for phase identification and grain orientation
maps (IPF, images b,d,f) of the TRIP steel samples after quenching and partition treatments (Q&P) and
hot stamping followed by quenching and partition (HSQ&P) of the austenitized samples intercritically
at 800 ◦C, quenched at 318 ◦C and partitioned at 400 ◦C for 100 s. (a,b) Q&P with 3.3% of γ;
(c,d) HSQ&P with 30% deformation at 750 ◦C with austenite with 7.8% of γ; (e,f) HSQ&P with 30%
deformation at 800 ◦C with 5.0% of γ. α’, α, αb, α’f and γ represent martensite, ferrite, bainitic-ferrite,
fresh martensite, and austenite, respectively.
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The main thermodynamic potential for recrystallization (migration of high-angle
boundaries) is the energy stored during plastic deformation in the form of crystalline
defects. In the vast majority of hot deformation conditions, the nucleation of the dynamic
recrystallization occurs preferably at the grain boundaries [93], especially at the highly
deformed boundaries. This mechanism is characterized by the formation of successive
necklaces, consisting of the nucleation of the new grains in stages, which advance sequen-
tially into the grain [94]. This behavior is more easily observed in the results by light
microscopy in Figure 9, where ferrite grains have undergone intense refining and surround
some of the former austenite (martensite) grains in the form of necklaces. The grains dy-
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namically recrystallized stop growing and remain small since the thermodynamic potential
is equalized with the rest of the deformed matrix through the generated dislocations [94].
An energetic balance is created between the introduction of new grain boundaries (increase
in free energy) and the elimination of crystalline defects (decrease in free energy). Thus, in
microstructures in which dynamic recrystallization occurs, there is generally a considerable
refinement of the grains. Zheng et al. [60] highlighted that the dynamic recrystallization
of ferrite grains subdivides the ferrite grains previously formed by high-temperature de-
formation (DIFT or DSIT effect, dynamic strain-induced transformation), maintaining
their equiaxial morphology. However, during the DIFT (or DSIT) effect due to the plastic
deformation of the metastable austenite, intragranular ferrite nucleation occurs quickly
and extensively in the different substructures, which causes the refinement of the ferrite
grains [87]. Therefore, both the transformation of austenite into ferrite that occurs due to
deformation (DIFT effect) and dynamic recrystallization would be the primary mechanisms
that contribute to the formation of refined ferrite grains.

The orientation maps obtained by EBSD can also be used to investigate the distribution
of the deformation between grains, which is essential to understand the behavior of the
global deformation of the material. The Kernel approximation can characterize the misori-
entation (change in local orientation) between grains caused by plastic deformation [95]. In
this approach, each pixel on the map is colored according to the change in the degree of
orientation with respect to neighboring pixels. For this, the local misorientation distribution
component calculates the average misorientation between each pixel and the neighboring
pixels and assigns the average value to that pixel; a restriction regarding disorientations
that exceed the tolerance value (maximum disorientation value that the user defines) im-
plies the exclusion of these data from the calculation of the average. In this way, local
misorientation distribution maps were obtained to evaluate the local deformation gradient
and the small-scale localized plastic deformation distribution. Thus, Kernel misorientation,
which is a measure closely related to the density of dislocations [39], was used to identify
the gradient of orientations between martensite, ferrite-bainite and ferrite in TRIP steel
treated by Q&P or HSQ&P. Figure 19 shows the Kernel Average Misorientation (KAM)
for the Q&P sample (Figure 19a) quenched at 318 ◦C and partitioned at 400 ◦C for 100 s
and samples with the same Q&P treatment, but with the previous deformation at 750 ◦C
(Figure 19b) and 800 ◦C (Figure 19c). The tolerance of the misorientation angle for the
identification of grains was 5◦; therefore, the blue color represents misorientations less than
1◦, the green color disorientations between 2◦ and 3◦, the orange color between 3◦ and
4◦, and red misorientations between 4◦ and 5◦. The 5◦ threshold angle can be considered
to eliminate the effect of other crystallographic defects, such as sub-grains boundaries.
Low KAM values (<1◦), representing the negligible storage energy, can be associated with
intercritical and DIFT ferrite phases. Moderate KAM values grains (between 1◦ and 3◦)
represented by green areas could be associated with the distorted BCC ferrite parameter or
martensite with low tetragonality. While the freshly formed martensite, produced during
the last quenching due to the lower retained austenite stability, generates a significant
lattice distortion, as indicated in red regions by KAM values greater than 3◦. Thus, in the
analyzed microstructures, it is observed that martensite presents the highest gradients of
local misorientation because of its higher density of dislocations, caused by the martensitic
transformation shear, while ferrite contains comparatively fewer dislocations, and less
carbon, which also explains its lower hardness values.

Because of the similarities between the crystalline structures of martensite and fer-
rite (body-centered tetragonal and body-centered cubic, respectively), martensite is not
distinguished from ferrite by indexing the diffraction patterns. However, it was possi-
ble to distinguish martensite from ferrite by the regions with the lowest quality index,
resulting from the high dislocation density of martensite. Two types of martensite are
generated during the quenching and partitioning processes: (a) the tempered or partitioned
martensite during the partitioning stage, which has a low carbon content, and (b) fresh
or unpartitioned martensite, generated in the last cooling, after the partitioning process,
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from the least stable austenite, and, therefore, with higher carbon content and dislocation
density, when compared to the tempered martensite. A distinction could be made between
the two types of martensite through EBSD and KAM misorientation results.
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As the local magnitude of the misorientation is related to the dislocation density
and the amount of plastic deformation, it was possible to evaluate the magnitude and
distribution of misorientations between the different phases in samples treated by Q&P and
HSQ&P. Additionally, in the HSQ&P samples, higher KAM values are observed in some
ferrite/ferrite interfaces (red arrows). Ferrite/ferrite interfaces are also observed with low
KAM values (white arrows), similar to those observed in the Q&P condition. These results
can be explained by the formation of two types of ferrite: the ferrite generated by the DIFT
effect, which has lower KAM values, and the ferrite formed during the intercritical step,
which was deformed mainly at grain boundaries [96] and has higher KAM values.

Figure 20 shows a region selected to assess fresh martensite by misorientation. The
high local misorientation in the fresh martensite blocks is identified by the dark green
regions in the image quality map (IQ) (Figure 20a). The fresh martensite is located in
the vicinity of the retained austenite grains, which makes the distinction between fresh
and tempered martensites reliable through the image of quality [97]. Figure 20b shows
the point-to-origin misorientation along the micrograph arrow in Figure 20a. This path
allows the analysis of the orientation relationship within the grains defined by the image
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quality, which showed misorientations between 15◦ and 55◦. The results with degrees of
misorientation greater than 50◦ are identified in this micrograph as fresh martensite, which
is the typical misorientation between blocks within a single martensite package [97]. In this
result, it is also observed that fresh martensite consists of blocks smaller than 0.5 µm wide.
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Figure 21 shows the analysis of the misorientation of the regions identified by EBSD 
as ferrite. Figure 21a shows the four paths used to analyze the misorientation, and Figure 
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Figure 20. (a) Kernel disorientation map (KAM) with degree outlines with disorientations higher than
15◦, the 5 closest neighbors (or borders) were evaluated, and the maximum disorientation limit was
10◦ and EBSD combining the quality image and the identification of the phases of the region indicated
in the yellow box of the region on the left. The arrow represents the evaluated path of disorientation.
(b) Point-to-origin misorientation of the path assessed in figure (a) identified as fresh martensite.

Figure 21 shows the analysis of the misorientation of the regions identified by EBSD as
ferrite. Figure 21a shows the four paths used to analyze the misorientation, and Figure 21b
the result of the average misorientation of the paths depicted in Figure 21a. The results
clearly show that for the regions identified as ferrite, the disorientation does not exceed 2◦.
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Figure 21. (a) Kernel average misorientation map with degree outlines with disorientations higher
than 15◦ for ferrite identification; (b) average values of point-to-origin disorientation of paths 1 to
4 identified as ferrite.

Figure 22 shows the misorientation analysis of the regions identified by EBSD as
tempered martensite and bainitic ferrite for the Q&P sample austenitized intercritically
at 800 ◦C, quenched at 318 ◦C, and partitioned at 400 ◦C for 100 s. In Figure 22a the
selected region (yellow outline) is observed for the analysis of the tempered martensite,
and the misorientation map of the enlarged region, indicating with the arrow the path
used to analyze the KAM, and in Figure 22c the result of the misorientation of that path.
Figure 22c shows the EBSD maps identifying the phases (BCC in green and FCC in red)
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and the selected region (yellow outline) for the analysis of bainitic-ferrite. This figure
indicates the path used to analyze and obtain the result (Figure 22d) of the point-to-origin
misorientation. The results of these analyses clearly show that for the regions identified
as tempered martensite, the misorientation does not exceed 50◦, and the contours of the
blocks have misorientation that exceeds 45◦, which leads to considering them as high-angle
boundaries. For the regions identified as bainitic-ferrite, the KAM is around 20◦. Therefore,
from the points-to-origin misorientation results, it is observed that misorientations are less
than 2◦ for ferrite, between 10◦ and 20◦ for bainitic-ferrite, and above 20◦ for tempered and
fresh martensites. This represents a new approach for identifying microconstituents using
KAM based on EBSD results.
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Figure 22. Average kernel disorientation and phase identification by EBSD of the Q&P sample
austenitized intercritically at 800 ◦C, quenched at 318 ◦C and partitioned at 400 ◦C for 100 s. (a) KAM
map with degree contours with misorientations greater than 15◦ for the evaluation of a tempered
martensite region (yellow outline) and an enlarged map of KAM of a tempered martensite region;
(b) average values of the point-to-origin disorientation of the path indicated by the arrow in figure
(a); (c) EBSD of the phase identification map of the enlarged region (yellow box), indicating through
the yellow arrow the path used for the analysis of KAM; (d) mean values of the point-to-origin
disorientation of the path indicated by the yellow arrow in figure (c).

Thus, the magnitude of the local plastic deformation can be analyzed by evaluating
the misorientation gradient on the map of local disorientation components. This approach
allows a qualitative assessment of small local deformation gradients that are intrinsically
linked to orientation gradients. In the same way, plastic deformation is physically asso-
ciated with the movement of dislocations and the rotation of the crystalline lattice [93].
The comparison of the results shows that the rotation of the local structure is greater in
the deformed samples. Therefore, an average increase in misorientation for a specific
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pixel concerning its neighbors allows the identification of microconstituents in complex
microstructures treated by the Q&P and HSQ&P processes.

3.3.4. EBSD and Nanoindentation

In this research, a microstructural and mechanical characterization approach was
proposed on a local and global scale, based on the combination of EBSD and instrumented
nanoindentation. The main idea was to correlate the microstructures and phases of the
samples treated by Q&P and HSQ&P to their respective nanoindentation curves.

Figure 23 shows a mesh of 10 × 10 µm nanoindentations, superimposed on the
image obtained by EBSD, corresponding to the Q&P sample, intercritically austenitized
at 800 ◦C, quenched at 318 ◦C and partitioned at 400 ◦C for 100 s. This approach can help
relate the dependence of nanohardness with crystallographic orientation and grain size
and distribution.
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Figure 24 shows some of the microconstituents identified by correlating the nanohard-
ness results with the phase identification combined with the image quality and using the
Kernel Average Misorientation in the EBSD. In this figure, the white, yellow, and red circles
represent the regions of martensite, bainitic-ferrite, and ferrite, respectively. The results
indicate nanohardness ranges between 5.0 and 5.9 GPa for martensite, 2.6 and 4.0 GPa for
ferrite, and between 3.1 and 5.0 GPa for bainitic ferrite. Moreover, the results confirm that
the misorientation is above 20◦ for martensite, between 10◦ and 20◦ for bainitic ferrite, and
less than 2◦ for ferrite. The reduction in nano-hardness and misorientation in the ferritic
regions can be attributed to the possible reduction in the density of dislocations [98].

As noted, there is a superposition of the nanohardness values for ferrite and bainitic
ferrite between approximately 3 and 4 GPa, which can be attributed to the influence
on nanohardness of factors, such as grain size, crystallographic orientation, increase or
decrease in density of dislocations, stresses generated by the surrounding phases, etc. How-
ever, the distinction between the two constituents is possible thanks to their morphological
differences observed by the image quality index combined with the Kernel misorienta-
tion. Additionally, martensite presents a more considerable Kernel misorientation when
compared to bainitic ferrite, which allows its distinction.
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It should be noted that the regions identified as bainitic ferrite (Figure 25a) showed vari-
ations (staggered changes) in the loading curves known as pop-ins, as shown in Figure 25c.
This region corresponds to the bainitic ferrite identified at the bottom of Figure 24, with a
nanohardness value of 3.9 GPa. Figure 25b shows that the ferrite plates (green color) contain
films of retained austenite (red color). Therefore, these pop-ins may be related to the phase
transformation of retained austenite to martensite induced by deformation [99,100]. Other
researchers point out that these pop-ins have been detected due to geometric softening
when an external tension is applied, and a specific variant of martensite is selected [101],
which minimizes the total energy during the deformation-induced transformation from
austenite to martensite [100,102].

EBSD analysis and nanoindentation measurements were also used to correlate the
microconstituents and their characteristics (such as grain size and distribution) to the
nanohardness results for the HSQ&P samples. In Figure 26, the results are presented for
the HSQ&P samples austenitized intercritically at 800 ◦C, deformed at 750 ◦C (Figure 26a),
and 800 ◦C (Figure 26b), both quenched at 318 ◦C and partitioned at 400 ◦C for 100 s.
Figure 27 shows the nanoindentation results, EBSD image quality, phase identification,
and KAM for the HSQ&P samples austenitized intercritically at 800 ◦C, quenched at
328 ◦C and partitioned at 400 ◦C by 100 s. The red regions, corresponding to the FCC
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austenitic phase, indicate the size and distribution of this phase in the microstructure.
The regions of ferrite and martensite (BCC structure) appear in green. The darker green
regions, with a lower Band-Contrast (BC), are martensite regions with a high density of
dislocations. The high values of nanohardness can confirm this in these regions. Thus,
with the nanoindentation technique combined with EBSD, it was possible to validate the
hypotheses of phase identification using the KAM previously presented (Figures 19–22).
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Figure 25. Indentation in a region identified by Kernel disorientation as bainitic ferrite. (a) Scanning
electron microscopy image; (b) identification of phases by EBSD. The green regions represent the BCC
structure, and the red regions represent the FCC structure, in this case, austenite; (c) nanoindentation
loading-unloading curve, and the circles indicate the regions with the pop-ins.
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Figure 26. EBSD map and nanoindentations of the HSQ&P sample, austenitized intercritically at
800 ◦C, quenched at 318 ◦C and partitioned at 400 ◦C for 100s. The samples were 30% deformed at:
(a) 750 ◦C, (b) 800 ◦C. Results of nanohardness in GPa. The green regions indicate the BCC (ferrite or
martensite) phases and the red regions of the FCC (austenite) phase.



Metals 2022, 12, 174 31 of 47

Metals 2022, 12, x FOR PEER REVIEW 31 of 48 
 

 

from a microstructural point of view, martensite will have higher hardness and mechani-
cal strength than ferrite, even though it is a very low carbon martensite [103]. Comparing 
the results of nano hardness in the grain orientation map (Figure 27c), it is observed that 
the nanohardness is slightly higher in the grains with a trend to orientate in the [111] di-
rection, than in grains oriented in the [001] and [101] directions, which could be associated 
with a greater effort required to activate slipping of dislocations in the [111] direction. 

  
(a) (b) 

Figure 26. EBSD map and nanoindentations of the HSQ&P sample, austenitized intercritically at 800 
°C, quenched at 318 °C and partitioned at 400 °C for 100s. The samples were 30% deformed at: (a) 
750 °C, (b) 800 °C. Results of nanohardness in GPa. The green regions indicate the BCC (ferrite or 
martensite) phases and the red regions of the FCC (austenite) phase. 

  
(a) (b) 

Metals 2022, 12, x FOR PEER REVIEW 32 of 48 
 

 

  
(c) 

Figure 27. Superposition of nanoindentation marks on (a) phase identification map (in red austen-
ite); (b) kernel misorientation, and (c) grain orientation map. Sample HSQ&P, austenitized intercrit-
ically at 800 °C, deformed at 800 °C by 30%, quenched at 328 °C and partitioned at 400 °C for 100 s. 

The nanoindentation characterization carried out with the 15 mN load was not help-
ful to characterize the mechanical behavior of the small grains of retained austenite and 
fresh martensite. Therefore, to evaluate the nanohardness of fresh martensite and to cor-
relate the behavior of retained austenite under the effect of deformation (TRIP effect) with 
the crystallographic orientation, nanoindentations were conducted with a reduced ap-
plied load of 1.5 mN, so the sizes of the indents were reduced, as shown in Figure 28. 

Figure 28. Phase identification map (austenite in red) and nanohardness results. 
HSQ& P sample, intercritically austenitized at 800 °C, deformed at 800 °C by 30%, 
quenched at 318 °C, and partitioned at 400 °C for 100 s. 

 

Figure 27. Superposition of nanoindentation marks on (a) phase identification map (in red austenite);
(b) kernel misorientation, and (c) grain orientation map. Sample HSQ&P, austenitized intercritically
at 800 ◦C, deformed at 800 ◦C by 30%, quenched at 328 ◦C and partitioned at 400 ◦C for 100 s.

Figure 27 shows the results of the phase identification, KAM, and the grain orientation
map of a region with a 4 × 4 nanoindentation mesh of the HSQ&P sample austenitized
intercritically at 800 ◦C, deformed at 750 ◦C by 30%, quenched at 328 ◦C, and partitioned at
400 ◦C for 100 s. In Figure 27a, the red regions indicate the FCC phase (austenite), and the
gray regions indicate the BCC phase (ferrite or martensite). In the BCC regions, martensite
and ferrite can be clearly distinguished by the shape of the grains. While the ferrite presents
grains with equiaxial shape in grayscale with lighter gray shades, the martensite regions,
constituted mainly of packets of laths, present darker shades of gray, probably caused by
the high density of dislocations. The distinction between ferrite and martensite based on
comparing the shape of the grains and the shades of gray is validated by nanohardness and
Kernel misorientation data (Figure 27b) in these regions. As noted, the martensite packets
have a considerable higher misorientation (expressed in green on the kernel map) and are
surrounded by the ferrite grains (grains in blue), due to the smaller misorientation within
the grain formed at the intercritical temperature and during deformation. In the martensite
regions, the size of the indentations is slightly smaller than in the ferrite. In the HSQ&P
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sample (deformed at 800 ◦C by 30%), the martensite nano-hardness ranges between 4.9 and
6.8 GPa, while the ferrite grains nano-hardness ranges between 2.8 and 3.9 GPa. The carbon
content of martensite is mainly responsible for its high hardness and mechanical strength.
When comparing these results with those of the Q&P sample, an increase of ≈15% in the
martensite nanohardness is observed. This increase may be related to an increase in the
density of defects, such as dislocations or twinning, or a decrease in the grain size caused
by deformation at high temperatures. Therefore, from a microstructural point of view,
martensite will have higher hardness and mechanical strength than ferrite, even though it
is a very low carbon martensite [103]. Comparing the results of nano hardness in the grain
orientation map (Figure 27c), it is observed that the nanohardness is slightly higher in the
grains with a trend to orientate in the [111] direction, than in grains oriented in the [001]
and [101] directions, which could be associated with a greater effort required to activate
slipping of dislocations in the [111] direction.

The nanoindentation characterization carried out with the 15 mN load was not helpful
to characterize the mechanical behavior of the small grains of retained austenite and fresh
martensite. Therefore, to evaluate the nanohardness of fresh martensite and to correlate
the behavior of retained austenite under the effect of deformation (TRIP effect) with the
crystallographic orientation, nanoindentations were conducted with a reduced applied
load of 1.5 mN, so the sizes of the indents were reduced, as shown in Figure 28.
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Figure 28. Phase identification map (austenite in red) and nanohardness results. HSQ&
P sample, intercritically austenitized at 800 ◦C, deformed at 800 ◦C by 30%, quenched at
318 ◦C, and partitioned at 400 ◦C for 100 s.

The region delimited by the hexagon in Figure 28 shows two indented regions of
fresh martensite. This region, together with the two nanoindentation curves, is shown
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in Figure 29. This figure clearly shows the behavior of pop-ins during the loading stage,
associated with the large-scale nucleation of dislocations at the beginning of plastic de-
formation [98]. The observed pop-ins may be the result of the activation of pre-existing
dislocations [99], the TRIP effect of austenite present within the grain [100], or as already
mentioned, as a result of a geometric softening when an external stressor is applied and,
a specific variant of martensite is selected [101]. In the case of the first hypothesis, the
beginning of the nucleation of dislocations in the austenite grains can be observed based
on the deviation of the Hertzian solution, the blue dotted curve, indicated by the red
arrow in Figure 29. Before the start of pop-ins, that is, before ≈40 nm of penetration
depth, the indented grain is likely to be free of dislocations, and the first pop-in observed
during loading is likely to be a consequence of the start of dislocation nucleation [101]. The
subsequent pop-ins of metastable austenite grains observed in the loading-displacement
curve during the nanoindentation correspond to the beginning of the deformation-induced
martensitic transformation [104]. Therefore, since the first pop-in represents the transition
from elastic deformation to elastoplastic during indentation [99], the stresses in pop-ins
during indentation can be estimated from the mechanics of Hertzian elastic contact [99]. It
should be noted that these pop-ins were observed mainly in regions containing austenite
blocks, which could indicate less stability in this type of retained austenite. However,
the results of indentation 2 in Figure 29 did not show the pop-ins behavior. This may
be due to the high density of pre-existing dislocations [105] in the indented volume of
fresh martensite.

Metals 2022, 12, x FOR PEER REVIEW 33 of 48 
 

 

Figure 28. Phase identification map (austenite in red) and nanohardness results. HSQ& P sample, 
intercritically austenitized at 800 °C, deformed at 800 °C by 30%, quenched at 318 °C, and partitioned 
at 400 °C for 100 s. 

The region delimited by the hexagon in Figure 28 shows two indented regions of 
fresh martensite. This region, together with the two nanoindentation curves, is shown in 
Figure 29. This figure clearly shows the behavior of pop-ins during the loading stage, as-
sociated with the large-scale nucleation of dislocations at the beginning of plastic defor-
mation [98]. The observed pop-ins may be the result of the activation of pre-existing dis-
locations [99], the TRIP effect of austenite present within the grain [100], or as already 
mentioned, as a result of a geometric softening when an external stressor is applied and, 
a specific variant of martensite is selected [101]. In the case of the first hypothesis, the 
beginning of the nucleation of dislocations in the austenite grains can be observed based 
on the deviation of the Hertzian solution, the blue dotted curve, indicated by the red ar-
row in Figure 29. Before the start of pop-ins, that is, before ≈40 nm of penetration depth, 
the indented grain is likely to be free of dislocations, and the first pop-in observed during 
loading is likely to be a consequence of the start of dislocation nucleation [101]. The sub-
sequent pop-ins of metastable austenite grains observed in the loading-displacement 
curve during the nanoindentation correspond to the beginning of the deformation-in-
duced martensitic transformation [104]. Therefore, since the first pop-in represents the 
transition from elastic deformation to elastoplastic during indentation [99], the stresses in 
pop-ins during indentation can be estimated from the mechanics of Hertzian elastic con-
tact [99]. It should be noted that these pop-ins were observed mainly in regions containing 
austenite blocks, which could indicate less stability in this type of retained austenite. How-
ever, the results of indentation 2 in Figure 29 did not show the pop-ins behavior. This may 
be due to the high density of pre-existing dislocations [105] in the indented volume of 
fresh martensite. 

 
Figure 29. Hexagon shown in Figure 28 and nanoindentation curves for regions identified as fresh 
martensite. 

The size (depth and width) of the marks made by the nanoindenter with smaller 
loads seemed appropriate for assessing individual phases’ nano-hardness since the inden-
tations were clearly located in areas of martensite and ferrite, thus avoiding the contribu-
tions of the grain boundaries between the phases. 

Figure 29. Hexagon shown in Figure 28 and nanoindentation curves for regions identified as
fresh martensite.

The size (depth and width) of the marks made by the nanoindenter with smaller loads
seemed appropriate for assessing individual phases’ nano-hardness since the indentations
were clearly located in areas of martensite and ferrite, thus avoiding the contributions of
the grain boundaries between the phases.

Figure 30 shows the results of the nanoindentations superimposed on the results of
EBSD combining the quality image, the grain orientation map (Figure 30a), and the Schmid
factor (Figure 30b,c), for HSQ&P sample, intercritically austenitized at 800 ◦C, deformed
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at 800 ◦C by 30%, quenched at 318 ◦C and partitioned at 400 ◦C for 100 s. The Schmid
factor [106] was calculated since this criterion indicates the deformation resistance of a
particular region for a specific state of stress. Similar to the observations in Figure 27,
ferrite and martensite grains oriented in the [107] direction show higher nanohardness than
the grains oriented in the [001] and [101] directions. In Figure 30b,c, the grains with the
highest Schmid factor are red, while the grains with the lowest Schmid factor are blue. By
comparing the results of Schmid’s factors, it can be seen that the vast majority of ferrite
grains close to the orientation [111] have a lower Schmid factor than the grains with other
types of orientation. This means that for this orientation, greater stress is necessary for
plastic deformation by dislocations slipping in the sliding system with maximum atomic
density (110) for the BCC structure. In the case of grains oriented in the [001] and [101]
directions, the Schmid factors are similar and have the highest in the microstructure.

According to Schmid’s theory, grains with a higher Schmid factor are about to deform
or undergo mechanically induced phase transformation more quickly and are, therefore,
less stable [110], as the resolved critical (shear) stress for the occurrence of plastic deforma-
tion or martensitic transformation, is achieved more quickly. This is because the sliding
planes in these grains do not need to undergo much rotation before the resolved shear
stress reaches a critical value [54] since the dislocations are distributed much more evenly
among the sliding planes [111]. Within each grain (or crystal structure), the different atomic
densities of the planes, depending on the sliding direction, may be related to the activation
of a greater or lesser number of sliding systems. Thus, in cubic structures, sliding occurs
predominantly in planes of higher atomic density and in the close-packed direction. Thus,
grains oriented in the [001] or [101] directions can more easily activate a higher number of
sliding systems and, therefore, require lower stress values to undergo plastic deformation,
which would explain the lower resistance to plastic deformation during nanoindentation.
Accordingly, the lowest nano-hardness values (compare the indentations delimited by
the yellow rectangles and squares in Figure 30b,c) are associated with these directions, as
shown in Figure 31.

Figure 30c shows the Schmid factor relationship for the regions identified as austenite
(FCC). It is interesting to note that the austenite grains that are embedded within the ferrite
grains have a higher Schmid factor and, therefore, could reach the critical resolved stress
(Schmid’s law) more quickly, thus having a higher chance of plastically deforming than the
grains that are at the boundaries between ferrite and martensite. In other words, the austen-
ite grains identified with the lowest Schmid factor (grains in light yellow, green, or blue)
could be much more stable (in this case, stability would depend on the crystallographic
orientation). According to Tirumalasetty et al. [108], during deformation, rotation occurs,
preferably, in austenite grains (which can cause variation in the orientation of the planes
and sliding directions), having greater Schmid factors. As the deformation progresses,
there may be a reduction in Schmid’s factors in these grains and, therefore, a decrease of the
critical resolved shear stress for martensitic transformation. Therefore, the rotation of the
austenite grains, which are transformed into martensite in the last stages of deformation, is
an additional factor in the contribution of the mechanical stability of austenite, which may
disrupt the bainite formation and/or impede the martensitic transformation, in low carbon
TRIP steels [44,108].

However, it should be noted that the mechanical properties (and grain stability) of
phases also depend, in addition to the Schmid factor (i.e., the crystallographic orientation),
on the chemical composition (mainly the carbon content), the grain volume, and the
restrictions imposed by the surrounding microconstituents. On the other hand, in these
analyses, the depths of the indented areas and the subsurface sizes of the grains are
unknown, so the nano-hardness measurements may be affected by the presence of soft or
hard phases under the indented region. One way to clarify the depth of the indentation and
the subsurface behavior of the grains (including the analysis on the density of dislocations
and the extent of the plastic deformation) would be to carry out the transversal preparation
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by FIB (Focused Ion Beam) of the indentation profile and make the subsequent analysis by
transmission electron microscopy.
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Figure 30. Superposition of nanoindentations to the EBSD results of the HSQ&P sample, austenitized
intercritically at 800 ◦C, deformed at 800 ◦C by 30%, quenched at 318 ◦C and partitioned at 400 ◦C for
100 s. (a) Grain orientation map combined with an image quality (IQ); (b) Schmid factor combined
with IQ for the FCC and BCC phases; (c) Schmid factor combined with IQ for the FCC phase.
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Figure 31. Nanohardness values (GPa) superimposed on the unitary reference triangle for the
BCC phase orientations, indicating the planes [111], [001], and [101] by the colors blue, red, and
green, respectively. α and α ‘represent ferrite and martensite, respectively. The load value in the
nanoindentations was 1.5 mN.

3.4. Stereology and Hardness

From the SEM results, the amount of ferrite was quantified by stereology in at least
three micrographs for each treatment, using a 391-point mesh. In Tables 2 and 3, these
quantification results are related to the amount of retained austenite obtained by XRD and
to microhardness. Table 2 presents the results of the samples treated by quenching and
partitioning (Q&P), while Table 3 presents those of the samples previously deformed, both
cold (CS) and hot (HS).

Table 2. Results of microhardness (HV0.5) and percentages of ferrite (α) and austenite (γ) for the
samples treated by quenching and partition (Q&P) for intercritical austenitization (IT) temperatures
of 800 ◦C and 820 ◦C and partitioned at 400 ◦C.

Heat
Treatment QT (◦C) Pt (s) HV0.5 α (%) γ (%)

Q&P
(IT = 800 ◦C)

308 100 380 ± 13 18.3 5.7
308 500 355 ± 17 23.7 3.7
318 100 373 ± 13 21.4 8.1
318 500 352 ± 6 25.1 5.6
328 100 348 ± 11 30.4 6.7
328 500 338 ± 14 32.3 4.3

Q&P
(IT = 820 ◦C) 328 100 321 ± 15 30.9 7.7

QT, Pt, HV0.5, α and γ represent the quenching temperature, partition time, Vickers hardness (0.5 kgf), ferrite and
austenite, respectively.
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Table 3. Results of microhardness (HV0.5), percentages of ferrite (α) and austenite (γ) for samples treated by quenching and partitioning (Q&P) with previous cold
(CSQ&P) or hot (HSQ&P) deformation, and intercritical austenitization (IT) temperatures of 800 ◦C and 820 ◦C and partitioned at 400 ◦C.

Thermomechanical
Treatment

QT (◦C) Pt (s)
ε = 10% ε = 30% ε = 50%

HV0.5 α (%) γ (%) HV0.5 α (%) γ (%) HV0.5 α (%) γ (%)

HSQ&P;
IT = 800 ◦C;
Tε = 750 ◦C

308 100 310 ± 7 41.6 8.6 296 ± 8 43.8 10.3 329 ± 5 35.7 10.1
308 500 287 ± 10 31.2 309 ± 5 37.3
318 100 315 ± 7 37.2 10.3 306 ± 9 41.3 10.4 361 ± 7 38.6 8.8
318 500 298 ± 7 31.8 304 ± 13 38.6 12.1
328 100 324 ± 20 31.0 9.1 303 ± 8 41.9 12.1 333 ± 12 42.3 9.8
328 500 282 ± 8 35.7 10.3 310 ± 4 48.9

HSQ&P;
IT = 800 ◦C;
Tε = 800 ◦C

308 100 336 ± 13 41.3 6.4 324 ± 7 26.9 10.1 310 ± 9 35.8 10.9
318 100 314 ± 7 41.4 7.5 341 ± 11 22.1 13.3 302 ± 9 41.5 10.3
318 500 336 ± 19 22.4 304 ± 9 25.9
328 100 320 ± 13 35.6 7.0 340 ± 14 33.8 10.0 300 ± 9 33.2 10.8
328 500 334 ± 10 21.9 305 ± 15 29.9

HSQ&P;
IT = 820 ◦C;
Tε = 750 ◦C

328 100 319 ± 11 48.4 9.7 322 ± 15 50.4 17.5

CSQ&P;
IT = 800 ◦C;
Tε = 20 ◦C

318 100 339 ± 10 28.7 8.2
328 100 313 ± 11 33.5 8.4

QT, Pt, HV0.5, α, and γ represent the quenching temperature, partition time, Vickers hardness (0.5 kgf), ferrite and austenite, respectively. ε and Tε represent the percentages and
temperatures of deformation, respectively.
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For the Q&P treated samples (Table 2), the increase in partitioning time increases the
amount of ferrite (≈18%, α) and decreases the amount of austenite and hardness. The
decrease in the amount of austenite during the partitioning stage was also observed in the
in situ synchrotron radiation experiments, most probably associated with decomposition to
bainitic-ferrite. The increase in hardness for shorter partitioning times may be associated
with the lesser formation of ferrite but also with a more significant presence of fresh
martensite, which originated in the final quench from austenite which was not stabilized
enough during the partitioning stage. In these results, it is also clearly observed that, for
both partitioning times (Pt) of 100 s and 500 s, there was a decrease in hardness with the
increase of the quenching temperature (QT), which would be related to the lower formation
of martensite as the QT increases. In turn, the percentage of retained austenite showed (in
both cases, Pt equal to 100 or 500 s) the highest values for the temperature predicted by the
constrained carbon equilibrium model (CCE) model (QT of 318 ◦C). This indicates that the
calculation of the optimum quenching temperature using the CCE can be used as an initial
parameter to obtain the highest values of retained austenite at room temperature. However,
additional analyses would be necessary, mainly with higher quenching temperatures, to
confirm this premise. On the other hand, it was observed that the increase in QT caused
an apparent increase in the amount of ferrite. The quantification of ferrite by stereology
included both ferrites formed at high temperatures (intercritical and DIFT) and the bainitic-
ferrite that forms during the partitioning stage. Thus, the slight increase in the fraction
of ferrite with the increase in QT in the Q&P samples can be explained considering that
at higher quenching temperatures, a lower fraction of martensite is formed; therefore,
when the QT is 328 ◦C, the highest fraction of austenite available to be stabilized at the
partitioning stage is obtained. Increasing the quenching temperature decreases the fraction
of martensite and leads to the formation of less stable austenite, with a lower carbon content
available to be partitioned from martensite. This austenite transforms to bainitic-ferrite
during the partitioning stage thus explaining the increase in ferrite volume fraction.

In the case of samples that underwent partition treatment with the previous defor-
mation at high temperature (HSQ&P) or at room temperature (CSQ&P), it is observed
that, depending on the conditions (QT and amount and temperature of deformation) of
thermomechanical treatment, there were considerable variations both in the results of
microhardness, as well as in the results of phase fractions (α, ferrite, and γ, austenite).

Furthermore, it was observed that, for both deformations at 750 ◦C and 800 ◦C, the
amount of retained austenite at room temperature increases when the deformation increases
from 10% to 30%. When the deformation at 750◦C increased from 30% to 50%, the amount
of austenite decreased, while for the samples deformed at 800 ◦C this decrease was only
observed for the QT of 318 ◦C. On the other hand, the behavior of the percentage of ferrite
in the case of HSQ&P treatments did not have the same trend as in the Q&P samples
(increase in the amount of α, with increasing QT). In this case, it is observed that with 10%
previous deformation, at high temperature, there was a decrease in the amount of α, as the
QT increases, both for the deformation at 750 ◦C and 800 ◦C, while for the deformations
of 30% and 50% this variation is not significant. In the dilatometry results [44] it was
observed that during the Q&P tests, there was an expansion of the BCC lattice parameter
during the partition stage, possibly associated with the formation of bainite. For the
HSQ&P samples, on the other side, there was a considerable reduction in this expansion.
Therefore, the decrease in the amount of ferrite for the 10% deformation with increasing
QT allows concluding that the deformation causes mechanical stabilization of the austenite,
the formation of dislocation forests hindering the growth of the bainite [109] during the
partition stage.

As a result, the change in the ferrite fraction could be mainly related to its growth
kinetics, controlled by the carbon diffusion range, which strongly depends on the quenching
temperature. The same change was not so evident for the 30% or 50% deformation (at the
deformation temperature of 750 ◦C), where the ferrite did not show significant changes
(1.2% and 8.4%, respectively). Additionally, when the deformation temperature was 750 ◦C,
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it was observed that when the quenching temperature changes from 308 ◦C to 318 ◦C,
the microhardness increased approximately 2%, 4%, and 10% for the 10%, 30%, and 50%
strains, respectively. Additionally, it was observed that when the deformation increased
from 10% to 30% at 750 ◦C there was an increase (5.3%, 11.0%, and 32.5%, for the QT of
308 ◦C, 318 ◦C, and 328 ◦C, respectively) in the amount of ferrite, while for deformation
at 800 ◦C the amount of ferrite decreased (34.9%, 46.9%, and 5.1%, for the QT of 308 ◦C,
318 ◦C and 328 ◦C, respectively). In the case of an increase in deformation from 30% to 50%,
for the deformation temperature of 750 ◦C there was a decrease in ferrite by 18.5% and 6.5%
for the QT of 308 ◦C and 318 ◦C, respectively; while, for the deformation temperature of
800 ◦C, an increase in the amount of ferrite of 33% and 88% was observed for the QT of
308 ◦C and 318 ◦C, respectively.

In general, the samples deformed at 750 ◦C show higher amounts of ferrite, which
could be related, as pointed out by Ghosh et al. [71], to the reduction of the γ→ α transfor-
mation driving force, with increasing deformation temperature. For the 328 ◦C quenching
temperature, the ferrite changes are not significant (≈2%). In general, the hardness results
for both deformation temperatures are compatible with the amounts of martensite and
ferrite: the samples with the highest amounts of ferrite showed the lowest hardness and
vice versa. Additionally, the 820 ◦C intercritically austenitized HSQ&P sample, deformed
by 10% and 30%, showed an increase in hardness of 1%, increase in the amount of ferrite
of 4%, and increase in the amount of austenite of 80%. Therefore, it is evident that the
hardness not only depends on the percentage of ferrite but can also vary with the grain
refinement, the presence of carbides [110,111] (due to their influence on the decrease in
martensite carbon supersaturation), the austenite fraction, or the dislocation density present
in the microstructure.

Table 4 presents the mechanical strength and ductility relationships, proposed by
Matlock and Speer [112]. Data were obtained by numerical modeling for hypothetical
mixtures of ferrite and martensite, corresponding to the first generation of Advanced
High Strength Steels (AHSS) steels, and a prediction of the mechanical properties of steels
with hypothetical variations of austenite and martensite fractions located in the region
determined as the third generation of AHSS. This proposal suggests that the intermediate
properties between the first and second generation of AHSS can be filled by complex
microstructural combinations between high strength phases (such as martensite, fine-
grain ferrite, or bainite) and the deformation hardenable austenite. Consequently, this
combination may show higher deformation energies than steels consisting of combinations
of ferrite and martensite. The good agreement between the predicted and observed tensile
properties obtained by [113,114] and Ojima et al. [115] verified and suggests that simple
composite modeling, as the Mileiko model [116] proposed, can be useful for guiding
AHSS development.

Table 4. Mechanical properties data for the constituents considered as input to the Mileiko model
[116] to predict the relationships of mechanical strength and ductility of AHSS steels.

Constituent UTS (MPa) Uniform Elongation (%)

Ferrite 300 0.3
Austenite 640 0.6
Martensite 2000 0.008

Relating the values in Table 4 with the various amounts of the phases obtained ex-
perimentally in this research (Tables 1 and 2) for TRIP processed steel, it was possible to
build an elongation-mechanical strength diagram using the rule of mixtures, as shown in
Figure 32. Even though we know that the rule of mixtures is a very simplified approach for
predicting mechanical properties, it works and has been used by several researchers as an
initial approach to predict the mechanical strength and ductility properties of multiphase
microstructures, aiming at the development of AHSS steels.
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are associated with HSQ&P. This behavior is related to greater volume fractions of re-
tained austenite and deformation-induced ferrite in the HSQ&P samples. When the iso-
thermal deformations are made at higher temperatures (800 °C), the resulting microstruc-
tures show increased mechanical strength. In comparison, non-isothermal deformations 
(starting at 750 °C) are suggested, if the objective is to increase ductility, sacrificing the 
mechanical strength. Additionally, it is known that the absorbed energy during an even-
tual collision depends on the product between elongation and strength (PSE, in GPa%). 
This product was calculated and associated with each heat treatment as observed at the 
bottom of Figure 32. From these results, it was possible to correlate the heat treatments 

Figure 32. Combinations of ductility and mechanical strength obtained by the Mileiko model [116]
using the results of the volume fractions calculated experimentally for the various heat treatments
performed: quenching and partitioning (Q&P), hot stamping followed by quenching and partitioning
(HSQ&P), and cold stamping followed by quenching and partition (CSQ&P). Tε, ε, QT and Pt
represent the deformation temperature, the percentage of deformation, the quenching temperature,
and the partitioning time, respectively.

As seen in this figure, the highest mechanical strength values are associated with Q&P
treatments, while the highest uniform elongation and lowest mechanical resistance are
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associated with HSQ&P. This behavior is related to greater volume fractions of retained
austenite and deformation-induced ferrite in the HSQ&P samples. When the isothermal
deformations are made at higher temperatures (800 ◦C), the resulting microstructures show
increased mechanical strength. In comparison, non-isothermal deformations (starting at
750 ◦C) are suggested, if the objective is to increase ductility, sacrificing the mechanical
strength. Additionally, it is known that the absorbed energy during an eventual collision
depends on the product between elongation and strength (PSE, in GPa%). This product was
calculated and associated with each heat treatment as observed at the bottom of Figure 32.
From these results, it was possible to correlate the heat treatments conditions exhibiting the
higher PSE values or the best combination of mechanical properties due to the multi-phase
microstructures and the TRIP effect caused by RA.

The results obtained from the Mileiko model [116] relating the number of phases
quantified by XRD and stereology was superimposed on the Material Property Charts
(intermediate region of Figure 33). These results show that the various heat treatments
performed in this study are promising for filling part of the gap between the first and
second generations of AHSS, as predicted by the numerical model proposed by Matlock
and Speer [112].
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Figure 33. Superposition of the results obtained in the present investigation (Figure 32) on the
elongation-mechanical strength ‘banana’ curve for the region of ultra-high-strength steels cor-
responding to those of the third generation of AHSS. Adapted from Matlock et al. [117] and
Srikanth et al. [118].

A good combination of high strength and ductility of the AHSS allows the manufac-
ture of structural components with less thickness, improving passenger safety due to its
high energy absorption capacity during a collision. This combination can be achieved by
balancing the difference in the mechanical properties of hard and soft microconstituents,
based on the assumption that each constituent contributes to strength and ductility, creating
a composite microstructure and/or controlling the deformation mechanisms by impos-
ing barriers to the dislocation movements [119]. Research indicates that reducing vehicle
weight by 10% reduces fuel consumption by 6 to 10% and CO2 emissions by ≈ 4% [4,5].
Therefore, to meet the requirements in terms of safety, impact resistance, and reduced fuel
consumption, the most viable alternative for creating thinner structural components is
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the development of high and ultra-high-strength steels with adequate formability [4] and
merit indexes (yield strength/density) ratio. Additionally, the relationship between CO2
emission and fuel consumption savings is also an essential aspect because, according to
the International Energy Agency (IEA, International Energy Agency) [120], the transport
sector is responsible for more than half (≈65%) of the oil consumption in the world. Thus,
lightweight car manufacture effectively reduces fuel consumption and emissions during the
use of a vehicle, which in turn decreases the environmental impact, all without sacrificing
passenger safety. The obtained results point toward an expansion of the combination of the
mechanical properties spectrum of AHS steels. Within this scope, the mechanical properties
of the HSQ&P and CSQ&P processed specimens are compatible with a “third-generation”
of AHSS, aiming to reduce the weight of the vehicle structure at a low cost.

4. Summary and Conclusions

In the present study, various heat and thermomechanical treatments were applied to
an advanced high-strength TRIP-assisted steel consisting of quenching (Q), quenching and
partitioning (Q&P), hot stamping (HS), and the combined process of HS or cold stamping
(CS) with subsequent quenching and partitioning (HSQ&P or CSQ&P). The main purpose
was to investigate and discuss the effects of the variables involving the heat treatments, such
as the intercritical austenitization temperature, the temperature and amount of deformation,
the annealing temperature, and the temperature and partitioning time, and to analyze their
influence on microstructural and mechanical responses. The analysis was carried out both
during (in situ) the thermal and thermomechanical treatments and after applying these
treatments. The performance and analysis of these heat and thermomechanical treatments
allowed the following results and conclusions:

1. The described methodology to calculate the optimal quenching temperature, including
intercritical austenitization, allows estimating the appropriate quenching temperature
for the Q&P and HSQ&P processes to obtain a substantial amount of retained austenite
at room temperature. This prediction proved helpful in obtaining the highest amounts
of retained austenite, even considering the restrictions imposed by the constrained
carbon equilibrium model.

2. In situ synchrotron X-ray diffraction showed the evident effect of the carbon enrich-
ment of austenite during the partitioning stage. Furthermore, increasing the amount
of deformation promotes less carbon enrichment of austenite. Isothermal deforma-
tion at 800 ◦C favors a higher carbon enrichment when compared to the samples
non-isothermally deformed at 750 ◦C. Therefore, carbon enrichment during the parti-
tioning stage does not depend solely on the Q&P heat treatment parameters, but also
on the conditions created in the microstructure at high temperatures by isothermal or
non-isothermal deformations.

3. The results of synchrotron radiation using a 2D detector allowed us to observe that
textures are present in the material since before the heat treatment and at the beginning
and end of the partitioning stage, confirming that crystallographic texture does not
appear as a consequence of the Q&P treatment parameters.

4. Austenite deformation promotes diffusional phase transformation (DIFT ferrite),
which results in carbon redistribution between supersaturated ferrite and austenite
prior to martensitic transformation, leading to enrichment of untransformed austenite
and, consequently, to a decrease in the Ms temperature. This phenomenon appears to
be predominant for deformation percentages up to 30%. However, for larger strains,
the increase in total free energy by creating a mechanical driving force caused by the
strain is the predominant phenomenon.

5. From the EBSD results, it was possible to distinguish different morphologies of
the retained austenite, which appeared in the form of equiaxed blocks (preexisting
austenite grains) distributed along the martensite packages and close to the ferrite
boundaries; films between the martensite laths and between the bainitic-ferrite plates;
and embedded in the ferrite grains. Additionally, the combination of the quality map
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with the orientation map allowed us to observe that the austenite islands belonging
to the same grain have the same crystallographic orientation, indicating that this
retained austenite originated from the same previous austenite grain.

6. For the Q&P sample quenched at 318 ◦C and partitioned at 400 ◦C for 100 s, the
average grain size value was 28 µm2, while the HSQ&P samples deformed by 30%,
quenched at 318 ◦C and partitioned at 400 ◦C for 100 s showed medium values
around 16 µm2. This suggested that the transformation of austenite into ferrite
produced by deformation (DIFT-effect) and dynamic recrystallization would be the
main mechanisms contributing to the formation of refined ferrite grains.

7. In the HSQ&P samples, some ferrite/ferrite interfaces were analyzed using Kernel
Average Misorientation (KAM) maps. Due to the variation in the misorientation
results for this type of interface, the formation and identification of two types of
ferrites can be proposed: the ferrite generated by the DIFT effect, which has lower
KAM values, and the higher KAM values ferrite formed during the intercritical step,
which was deformed mainly at the grain boundaries, and therefore, presents higher
values of KAM in this region.

8. Using the rule of mixtures, it was possible to build an elongation-mechanical strength
diagram to identify and correlate the heat or thermomechanical treatment conditions
that lead to an increase in ductility or strength according to the volume fractions of the
resulting phases. Comparing the results for the HSQ&P treatments, it was observed
that isothermal strains at higher temperatures (≥ 800 ◦C) are more advantageous
to increase mechanical strength, while non-isothermal strains (starting at 750 ◦C)
are suggested, if the objective is the increase in ductility, with mechanical strength
being sacrificed.
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